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Understanding And Improving The Environmental Dependent Tribology And
Thermal Stability Of Hydrogenated Amorphous Carbon By Using Silicon And
Oxygen As Dopants
Abstract
Hydrogenated amorphous carbon (a-C:H) films are a class of non-crystalline materials composed of
hydrogen and carbon bonded in both sp2 and sp3 configurations. These films are notable for their high
hardness (10–16 GPa), low roughness, chemical inertness, and good tribological performance (low
friction and wear). This combination of favorable properties has led to promising applications in diverse
fields, including automotive and aerospace components, biomedical devices, and computer hard drives.
However, a-C:H becomes unstable above 150 °C, preventing its use in important technological
applications, such as heat assisted magnetic recording (HAMR) disk drives. Also, the low friction and
wear is only maintained in dry and vacuum conditions. To understand and address these limitations, the
effect of adding silicon and oxygen to a-C:H films is considered, since prior experimental evidence shows
that this can significantly increases thermal stability, and help maintain low friction and wear in humid
environments. However, the mechanisms and extent of these improvements are unknown. Friction and
wear testing were performed on a-C:H doped with Si and O (a-C:H:Si:O) in a range of environments.
Friction coefficients varied from approximately 0.05 in dry environments (RH < 5%) to 0.15 in humid air,
better than prior observations for undoped a-C:H films. The friction and wear behavior is controlled by
adhesive interactions leading to the development of transfer films on the steel counterface. Possible
mechanisms underlying this behavior are discussed. Annealing experiments showed significant
improvements in thermal stability up to 450 °C. In order to understand the atomistic origins of this
enhanced thermal stability, reactive molecular dynamics (MD) simulations using the ReaxFF potential
were performed. The primary thermal degradation pathway in undoped a-C:H was observed to be the
breaking of tensile strained C-C bonds. The presence of Si suppresses this mechanism by decreasing the
frequency of highly strained C-C bonds in the unannealed structure. This is due to the longer C-Si
equilibrium bond length compared to C-C bonds. The activation energy for rehybridization could be
modeled using the same methods as in prior experiments and produced good agreement between the
experimental and simulation results.
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ABSTRACT
UNDERSTANDING AND IMPROVING THE ENVIRONMENTAL DEPENDENT
TRIBOLOGY AND THERMAL STABILITY OF HYDROGENATED AMORPHOUS
CARBON BY USING SILICON AND OXYGEN AS DOPANTS
James A. Hilbert
Robert W. Carpick
Hydrogenated amorphous carbon (a-C:H) films are a class of non-crystalline materials
composed of hydrogen and carbon bonded in both sp2 and sp3 configurations. These films
are notable for their high hardness (10–16 GPa), low roughness, chemical inertness, and
good tribological performance (low friction and wear). This combination of favorable properties has led to promising applications in diverse fields, including automotive and aerospace
components, biomedical devices, and computer hard drives. However, a-C:H becomes unstable above 150 ◦C, preventing its use in important technological applications, such as heat
assisted magnetic recording (HAMR) disk drives. Also, the low friction and wear is only
maintained in dry and vacuum conditions. To understand and address these limitations,
the effect of adding silicon and oxygen to a-C:H films is considered, since prior experimental
evidence shows that this can significantly increases thermal stability, and help maintain low
friction and wear in humid environments. However, the mechanisms and extent of these
improvements are unknown. Friction and wear testing were performed on a-C:H doped
with Si and O (a-C:H:Si:O) in a range of environments. Friction coefficients varied from
approximately 0.05 in dry environments (RH < 5%) to 0.15 in humid air, better than
prior observations for undoped a-C:H films. The friction and wear behavior is controlled
by adhesive interactions leading to the development of transfer films on the steel counterface. Possible mechanisms underlying this behavior are discussed. Annealing experiments
showed significant improvements in thermal stability up to 450 ◦C. In order to understand
the atomistic origins of this enhanced thermal stability, reactive molecular dynamics (MD)
simulations using the ReaxFF potential were performed. The primary thermal degradation
pathway in undoped a-C:H was observed to be the breaking of tensile strained C-C bonds.
iv

The presence of Si suppresses this mechanism by decreasing the frequency of highly strained
C-C bonds in the unannealed structure. This is due to the longer C-Si equilibrium bond
length compared to C-C bonds. The activation energy for rehybridization could be modeled
using the same methods as in prior experiments and produced good agreement between the
experimental and simulation results.
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length of C-C σ bonds, while the second neighbor peaks is near
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CHAPTER 1: Introduction
Diamond-like carbon (DLC) thin films have attracted wide technological interest due
to their exceptional properties, including high mechanical stiffness and strength, low coefficient of friction, low roughness, and chemical inertness [1, 2]. These coatings have found
uses in a wide variety of applications, particularly those demanding outstanding tribological performance, such as coatings for high-performance engine components [3, 4], biological
implants [4–6], protective coatings for hard disks [7, 8], and microelectromechanical systems [9]. However, they suffer from some significant limitations. First, depending on their
composition, these films can become unstable above 150 ◦C [10], preventing their use in
important technological applications, such as heat assisted magnetic recording (HAMR)
disk drives [11]. Second, the friction and wear of DLC is strongly environmentally dependent, which prevents their use as protective coatings in applications where the humidity
may vary such as use in aerospace components which need to function in and outside the
atmosphere [12]. Thus, further research is needed to understand and potentially address
these limitations.
One way to overcome the limitations of DLCs is through doping the films with other
elements. Numerous dopants are possible, and can lead to modifications of a wide range
of properties including hardness, residual stress, electrical conductivity, and tribological
behavior [1, 13]. The goal of this thesis is to advance the understanding of modified DLC
coatings doped with silicon and oxygen (referred to as a-C:H:Si:O), which have shown
considerable promise as more thermally stable alternatives to DLC, including maintaining
low friction in both dry and humid environments [14–17]. Despite the prior studies on the
properties of a-C:H:Si:O that have shown improvements in tribology and thermal stability,
the exact origins, mechanisms, and extent of these improvements are unknown. This thesis
will aim to address these questions through a combination of experimental measurements
and molecular dynamics simulations.
In order to understand the dominant mechanisms controlling the friction and wear of
a-C:H:Si:O in different environments, macroscopic tribometer testing was performed on two
1

different a-C:H:Si:O samples in three environments: dry nitrogen, dry air, and humid air.
The scaling of friction and wear with load was also investigated. Characterization of the
wear tracks through atomic force microscopy (AFM) was used to quantify wear rates and
observe nanoscale surface modification that occurs during sliding. The thermal stability
of a-C:H:Si:O was investigated through annealing experiments and compared to undoped
a-C:H. Raman spectroscopy was used to characterize the structural changes and thermal
degradation pathways in a-C:H:Si:O. Additionally, heated AFM probes, which allow for
rapid heating and cooling of a nanoscale contact area, were used to probe the thermal
stability at time and length scales relevant to applications such as HARM disk drives. Finally, reactive MD simulations using the ReaxFF potential were performed on a-C:H and
a-C:H:Si:O in order to understand the atomistic origins of this enhanced thermal stability.
The effect of silicon content was also investigated. The simulations provided physical insight
into the effect of silicon doping on thermal stability. The activation energy for rehybridization was also modeled using the same methods as for the experiments and produced good
agreement between the experimental and simulation results.

1.1. Classification of DLCs
Carbon can create a wide variety of structures due to its ability to form several different
bonding configurations. The two dominant bonding states of carbon in such materials
are the sp3 and sp2 hybridizations (the sp1 state is not commonly found in solid carbon
materials except for polymers). Schematics of these configurations are shown in Figure 1.1.
In diamond, carbon exists purely in the sp3 hybridization state, where it forms 4 σ-bonds in
a tetrahedral arrangement. These strong C-C σ-bonds result in its exceptional mechanical
properties, such as high elastic modulus and hardness. In graphite, carbon exists in the sp2
hybridization state, where it forms three in plane σ-bonds, and the fourth valence electron
forms a delocalized π-bond. This creates a layered structure with strong in plane bonds
and weak van der Waals interactions between the planes [18].
The name DLC refers to a broad class of carbon-based amorphous materials with a range
2
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Figure 1.1: Schematic diagrams showing the sp3 and sp2 hybridization states for carbon. In
the sp3 hybridization state, carbon where it forms 4 σ-bonds in a tetrahedral arrangement.
The solid and striped wedges represent bonds going into and out of the page. In the sp2
hybridization state, carbon forms three in plane σ-bonds and the fourth valence electron is
part of a delocalized π-bond.
of different compositions and bonding [8, 19]. These materials possess many of the same
exceptional mechanical properties as diamond (high hardness and elastic modulus) as well
as a low coefficient of friction in many environments, making them attractive materials for
tribological coatings [1]. DLC consisting of only carbon is known as amorphous carbon (aC) and contains carbon in a mixture of sp2 and sp3 bonding configurations. Typically, these
films with high sp3 fraction (> 70%) are referred to as tetrahedral amorphous carbon (ta-C).
Often DLC films contain substantial fractions of hydrogen as well (20–60 atomic %), in which
case these materials are called hydrogenated amorphous carbon (a-C:H) or hydrogenated
tetrahedral amorphous carbon (ta-C:H) if the sp3 fraction is also large. These various forms
of DLC can be displayed in a ternary phase diagram as shown in Figure 1.2. Table 1.1 gives
typical values for composition, density, Young’s modulus, hardness, friction coefficients,
and degradation temperature for two forms of DLC in comparison to diamond. DLC’s
mechanical, physico-chemical and tribological properties strongly depend on the chemical
composition (namely hydrogen content) and structure of the material (sp2 /sp3 content) [1,
19]. The diamond-like properties, such as high Young’s modulus and hardness, arises from
the C-C sp3 bonds and therefore varies with the film’s C-C sp3 fraction. Hydrogen, while
forming C-H bonds that tend to increase the total sp3 fraction, does not contribute to
linkages in the network and thus tends to decrease the mechanical properties, resulting in
softer, lower density films at the highest hydrogen contents [8, 19].
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Figure 1.2: Ternary diagram showing different forms of DLC films based on relative concentrations of sp2 to sp3 -bonded carbon and hydrogen [18, 20]. There are three main regions
shown. First, along the leftmost axis is hydrogen free amorphous carbon, ranging from
mostly sp2 to mostly sp3 bonding. Films with low sp3 fraction are referred to as amorphous
carbon (a-C), while films with high sp3 fraction are referred to as tetrahedral amorphous
carbon (ta-C). Second, at the bottom right of the phase diagram are compounds with such
high hydrogen content that the material cannot form a connected network, but instead remains as gas molecules. Finally, in the center is hydrogenated amorphous carbon (a-C:H),
which can range from materials with only 20% H content up to materials where close to
60% of the atoms are hydrogen.

Table 1.1: Comparison of properties for single crystal diamond, ta-C, a-C:H [1, 3, 18]
Property
Density
Young’s Modulus
Hardness
Degradation
Temperature
µ (Humid)
µ ( Dry )
C Hybridization
H content

Diamond

ta-C

a-C:H

3.515 g/cm3
1100 GPa
100 GPa
600 ◦C (w/ oxygen)
(burning→C-O)
0.01–0.02
>1
100% sp3
Negligible

2.3–3.1 g/cm3
650–800 GPa
40–80 GPa
600 ◦C
(sp3 →sp2 )
0.04–0.1
>1
50–80% sp3
<5 at.%

1.2–2.2 g/cm3
50–150 GPa
10–20 GPa
150 ◦C
(loss of H, sp3 →sp2 )
0.1–0.5
0.001–0.01
30–50% sp3
30–50 at.%
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1.2. Historical background and synthesis
The first synthesis of DLC was reported in the 1950s [1, 2]. However, little further
research took place at that time. The first comprehensive studies of DLC began in the
1970s [21], with research interest significantly increasing in the 1990s, resulting in a large
number of key publications that laid the groundwork for comprehensive studies of the
structure and properties of DLC [1, 2, 22–26]. Over this time, improvements in thin film
deposition systems allowing inexpensive and high quality coatings to be produced led to
steadily increasing popularity of DLC films as protective coatings in industry [1].
DLC films can be produced through a wide variety of methods, including both plasma vapor deposition (PVD) and chemical vapor deposition (CVD) processes [3]. These include ion
beam, sputtering, filtered cathodic arc (FCVA), pulsed laser deposition, plasma-enhanced
chemical vapor deposition (PECVD), and plasma immersion ion implantation and deposition (PIIID). These techniques offer various advantages and disadvantages including quality
of the coatings, cost, growth rate, deposition temperature, and line-of-sight vs. non-lineof-sight coating [3, 18, 27]. The sp2 /sp3 ratio and hydrogen content is dependent on the
precursor gas compositions and the deposition parameters used (pressure, ion impingement
energy, and surface power density at the substrate) [18, 27].
The exact atomistic physics by which the structure of DLC arises from the deposition
process are not certain. However, some general mechanisms have been proposed [18]. The
sp3 fraction is known to depend on the ion energy during deposition. Initially the sp3
fraction increases with energy, reaching a maximum around 100 eV and then decreasing,
as shown in Figure 1.3 [18, 28, 29]. It has been shown that the ion energy is high enough
such that atoms are implanted into the surface, rather than depositing on top, in a process referred to as subplantation [30]. This subplantation process is considered critical for
achieving the films diamond-like sp3 bonding. It has been suggested that compressive stress
is required to stabilize the sp3 phase, which is created during deposition by the local density
increases caused by carbon atoms implanting into the surface [28, 31, 32]. In addition, the
energy of the impacting atoms creates a localized thermal spike, which allows for relaxation
5

Figure 1.3: sp3 fraction vs. ion energy for ta-C. The data points are experimental observations, while the line is a theoretical prediction based on the subplantation process, where an
atom penetrates the surface resulting in a local density increase and residual compressive
stress. Local relaxation at the impact site is assumed to take place during a thermal spike
lasting only a few picoseconds [19].
of neighboring atoms during a rapid quenching period on the order of picoseconds [28, 31].
On the basis of this description of the deposition process, the dependence of the sp3 fraction
on ion energy has been explained as follows [19, 29, 33]: For low ion energies (< 30 eV), the
atoms will not have enough energy to penetrate the surface, and instead deposit on top,
leading to the formation of highly sp2 bonded films. With increasing ion energy (50–300 eV)
subplantation will occur, resulting in a local density increase and quenched in compressive
stress, favoring the formation of sp3 carbon. However, if the energy is too high (> 300 eV),
the larger thermal spikes produced will allow greater structural relaxation, reducing compressive stress and favoring the formation of sp2 carbon.

1.3. Applications for DLC
The applications for DLC are widespread, including both current industrial uses and
developing technologies. In the automotive industry, DLC coatings have been applied to a
variety of engine components that operate in the boundary lubrication regime, where the
lubricant oil films are not thick enough to separate the surfaces. These include pistons,
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camshafts, tappets, and gears. These DLC coatings serve to reduce friction losses, giving
rise to improvements in fuel economy and reductions in CO2 emissions, in addition to
providing increased wear protection [3, 4, 34]. DLC coatings are also an integral component
in the design of modern high pressure diesel fuel injectors [3, 4]. In the textile industry, DLC
coatings are applied to components of machines to reduce wear and corrosion from contact
with yarn fibers [4] Due to DLC’s intrinsic corrosion and wear resistance, it has been applied
as a protective coating on optical materials and electronic devices including laser barcode
scanners [4, 35]. DLC is also used as a coating for injection molding equipment, where the
low adhesion between DLC and the polymers used improves the release behavior [4]. Several
commercial applications exist as well. A variety of different DLC coated razor blades are
available, which offer improved performance and lifetime [3, 4]. Another application for
DLC is in the coating of plastic bottles used for beverages, particularly carbonated soft
drinks and beer. In this case DLC provides a transparent, food safe barrier to diffusion of
carbon dioxide and oxygen, which can significantly improve shelf life [8].
A number of studies have investigated the biocompatibility of DLC and found it to
be suitable for use in medical implants and devices [4–6]. Current applications include
coating of implants which are in contact with blood such as heart valves and stents, where
it has been shown to reduce platelet adhesion and prevent diffusion of metal ions into
the bloodstream [4, 5]. Due to its chemical inertness and wear resistance, it is considered
a promising material for coating orthopedic implants, where wear particles produced by
sliding and corrosion at contact points within the implant result in adverse health effects
and failures of the implants [4, 5].
There are other promising developing applications as well. In the design of microelectromechanical systems (MEMS) there is interest in DLC as a material from which to
fabricate devices. This is due to the combination of high wear resistance, hydrophobic surfaces, and chemical inertness, and active research is ongoing into the ability to fabricate
MEMS structures from DLC [9]. DLC is also being studied as a possible solid lubricant for
use in moving mechanical assemblies in space applications where the use of liquid lubricants
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is prohibited by the vacuum conditions [12].
One critical application in which DLC films have been widely used is as the protective
overcoat on magnetic storage media, such as hard disks [1, 4, 7, 8, 36, 37]. Modern hard
disks store data in a Co-based magnetic layer mounted on a substrate and covered with a
hydrogenated amorphous carbon (a-C:H) overcoat and 1-2 monolayers of a lubricant film.
a-C:H is used since it forms a smooth, chemically inert film which protects the magnetic
media against corrosion and mechanical contact with the read-write head [7, 8]. A schematic
showing the design of the current head/disk interface is shown in Figure 1.4a. The storage
density of magnetic disks has been increasing at a rate of 100% per year and storage densities
of over 200 Gbits/inch2 have been achieved and demonstrations have shown densities over
400 Gbits/inch2 are possible [8]. To put this in context, today a commercially available hard
drive with a storage density of 140 Gbits/inch2 can store the equivalent of 25 CDs worth of
data in a single square inch of space. In order to achieve higher storage density the vertical
distance between the read head and the magnetic media, called the magnetic spacing, must
be reduced. This requires protective a-C:H films that are only a few nanometers thick [8].
Figure 1.4b shows the magnetic spacing required for a given storage density based on current
recording methods, as well as the corresponding thickness for the DLC overcoat.

1.4. Overview of the theories for tribological behavior in DLC
In a broad sense, tribological coatings can be divided between soft and hard coatings.
Soft coatings usually provide low friction, but limited protection against wear, while hard
coatings provide wear resistance, but have higher coefficients of friction [38]. DLC, however, is known to provide both superlow friction (with coefficients of friction less than 0.01
being recorded in some testing environments) [38, 39] and high wear resistance [10], and
this combination of properties has led to its great success in a wide variety of tribological
applications. Conventional theories for solid lubrication include plastic shear in soft metals
and the shearing of atomic layers in lamellar solids. However, since DLC is amorphous it
does not possess the multiple slip systems that are present in soft metals or the ordered
8

(a)

(b)

Figure 1.4: (a) Schematic showing the design of modern hard disks. The magnetic spacing
is the distance between the magnetic layer and the read/write elements. This distance
includes the air gap, a molecular lubricant layer, and a DLC coating on both the head
and disk. Typically ta-C is used on the head, and a-C:H on the disk. Maximum achievable
storage density is a function of the magnetic spacing, as shown in (b). This requires reducing
the thickness of the DLC coatings to only a few nm while maintaining uniform coverage.
Figures from ref [8]
lamellar structure that allows for low friction in materials such as graphite or MoS2 [38, 40].
Thus, an important research question is: what is the primary causes of friction and key
lubrication mechanism that give rise to superlow friction in DLC?
In general, the friction between two solids in contact arises from interactions (mechanical,
physical, or chemical) between the surfaces. These give rise to three phenomena that
control the friction: abrasion, shearing, and adhesion, shown schematically in Figure 1.5.
Abrasion refers to the scratching of the surface by sharp asperities on the harder surface
or wear debris, shearing refers to the plastic flow at the interface, and adhesion refers to
the breaking of adhesive junctions due to bonds between the surfaces [38]. The relative
strength of these three phenomena will depend on the sliding interface, and some may
dominate, while others may be neglected. For the case of DLC we can consider the likely
relative importance of these mechanisms in contributing to the friction and wear. It is
generally accepted that the dominant contribution to the fiction and wear in DLC comes
from adhesion [1, 38, 40]. Abrasion is argued to be unlikely in the case of DLC, since the
surfaces have high hardness and high strain tolerance [38]. Additionally, DLC typically
forms very smooth coatings with low RMS roughness [41], leading to minimal abrasion due
9

Figure 1.5: Schematic of the three general origins of macroscopic friction forces, abrasion,
shearing, and adhesion [38].
to sharp asperities. Shearing is believed to occur between the DLC surface and a sp2 rich
transfer film on the countersurface (to be discussed in detail later), however, this shearing
component would only be significant if adhesion was large [38]. This leads to the conclusion
that adhesion is then the dominant factor in the friction of DLC. Carbon surfaces can
interact with countersurface by a variety of different bonds, ranging from very strong σbonds to very weak van der Waals forces, depending on the nature of the contact [1, 10].
This means there can be substantial variations in adhesion forces, which are the fundamental
contribution to friction.
These adhesive interactions give rise to an extremely complex frictional behavior for DLC
that depends heavily on the nature of the film and the sliding environment. For example,
Figure 1.6 shows the dependence of friction on relative humidity for both a-C and a-C:H. A
brief explanation for this behavior is the following. For the case of a-C in a dry environment,
high friction occurs due to high adhesion resulting from strong σ-bonds formed between
carbon dangling bonds at the interface, where those dangling bonds were formed by the
applied stresses during sliding. If the film contains hydrogen, it can passivate these dangling
bonds, resulting in low adhesion due to weak interactions between hydrogen terminated
surfaces [10]. If water is in the environment, it can form bonds with the unsaturated carbon
atoms, forming, e.g., C=O or C-OH bonds on the surface. The formation of these C=O or
C-OH bonds eliminates the strong σ-bonds, reducing friction for the case of a-C. However,
for the case of a-C:H these C=O or C-OH bonds interact more strongly than the hydrogen
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Figure 1.6: Schematic diagram showing the general trends in the frictional behavior of DLC
as a function of humidity [10].
terminated bonds, resulting in an increase in friction [10]. These phenomena show that
interactions at the nano and atomic scale are critical for understanding the macroscale
friction of DLC. Table 1.2 gives typical values of the coefficient of friction for diamond,
a-C, and a-C:H in various environments. These large changes in tribological behavior with
environment can present problems for the use of DLC in several applications. For example,
in designing solid lubricants for use in space, components need to be able to function in a
wide range of environments. Devices must be tested before launch in ambient air, while
operating environments can range from ultrahigh vacuum (UHV) to a highly reactive atomic
oxygen atmosphere [12, 42].
The dominant mechanism in controlling the friction of DLC is the passivation of carbon
dangling bonds at the sliding interface. High hydrogen content a-C:H (∼ 40% H) will
have superlow friction (µ ∼ 0.001–0.02) in vacuum and inert environments [10]. This is
Table 1.2: Typical friction coefficients for CVD diamond, a-C, and a-C:H coatings in different environments [10].
Property

Diamond

a-C/ta-C

a-C:H/ta-C:H

µ
µ
µ
µ

0.02–1
0.03
0.08–0.1
0.05–0.15

0.3–0.8
0.6–0.7
0.6
0.05–0.2

0.007–0.05
0.001–0.15
0.025–0.2
0.02–0.5

( Vacuum )
( Dry N2 )
( Dry air )
(Humid air)
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due to the weak van der Waals interactions between the hydrogen terminated C-H bonds
at the interface leading to low adhesive interactions between the sliding surfaces [10, 12,
43]. During sliding, however, surface hydrogen will be released due to stress and frictional
heating. For a-C:H films with low hydrogen content, this will result in a loss of superlow
friction after some time [44]. In order to maintain superlow friction, there needs to be
a high enough concentration of hydrogen in the film to replenish the surface passivation,
either through the release of free hydrogen in the film, or through diffusion of hydrogen to
the surface [44].
In the presence of humidity or oxygen, however, the friction for a-C:H tends to increase,
and can see coefficients of friction as high as 0.5 in humid air [10]. In the case of humid
environments, experiments have shown that the presence of water molecules disrupts the
C-H van der Waals interactions that give rise to superlow friction by replacing the -H
termination of carbon dangling bonds with -OH termination, leading to stronger hydrogen
bonding or dipole interactions at the interface [10, 43, 45]. These results are supported
by density functional theory (DFT) simulations of a-C surface passivation in contact with
aluminum, which have found and increase in the work of separation from 0.02 J/m2 to
0.2 J/m2 when -H passivation was replaced by -OH passivation [46]. For the case of oxygen
environments results are inconsistent, with some experiments finding higher coefficients
of friction compared to vacuum [43], while others have seen no effect [47]. A possible
explanation for these results could be due to the amount of C-O bonding at the interface. On
the basis of DFT simulations looking at the effect of oxygen passivation of a-C surfaces [48],
it has been claimed that for a-C:H with high initial C-H bonding oxygen can passivate
the small number of dangling bonds produced during sliding. However, if the dominant
passivation mechanism becomes C-O bonding, the coefficient of friction will increase, since
the larger van der Waal radius of oxygen prevents full passivation, and C-O-C bonds can
form across the interface, increasing friction and adhesion [48].
Unlike a-C:H, for a-C in vacuum or inert environments, high friction and wear is observed
due to strong covalent bonding caused by unpassivated carbon at the sliding interface [1,
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10, 40, 45]. In this case DFT simulations have calculated a work of separation of 4.5 J/m2 ,
far higher than the 0.02 J/m2 found for -H passivation [46]. The high friction observed
in vacuum is reduced if hydrogen gas is present to provide passivation of dangling bonds
produced by sliding. Simulations have shown that dissociation of H2 at the sliding interface
is energetically favorable [46], and experiments of a-C sliding in H2 gas have shown low
friction and spectroscopic measurements have confirmed hydrogen bonding in the wear
track [38]. In ambient environments with the presence of water vapor, the friction of a-C
decreases compared to vacuum. This is due to C-O and C-OH passivation which produces
behavior in humid air similar to a-C:H [1, 10, 40, 45, 46, 49].
Beyond the effects of adhesive interactions and passivation of interfacial bonds, other
important factors controlling the friction and wear of DLC include transfer film formation,
mechanical properties of the film and transfer film, and rehybridization of carbon bonding
in the wear track. Transfer films, also known as tribofilms, refer to films formed on a sliding partner due to material transfer from the other. When sliding against metal surfaces,
such tribofilm formation is typical for all DLCs, and generally consists of material transfer
from the DLC film to the metal surface [26, 40, 50, 51]. It has been shown in experiments
that this tribofilm formation is a dominant process during the run-in period when friction
decreases at the start of sliding [12, 26] and is necessary for superlow friction [50]. Once
formed, sliding takes place at the DLC/tribofilm interface, and therefore friction is controlled by the interfacial shear strength between the DLC and the tribofilm [40, 51]. It has
been hypothesized that the formation and properties of these tribofilms are influenced by
environmental species as well, further contributing the the environmental dependent friction observed for DLC. It has been suggested based on experiments sliding a-C:H in humid
air that the formation of a tribofilm is inhibited by the presence of water vapor, and the
tribofilms formed in humid environments have higher interfacial shear strength [26, 47],
contributing to the large increase in coefficient of friction for a-C:H with humidity.
The mechanical properties of DLC have also been shown to be important for achieving
low friction [50, 52]. In particular, strong correlations have been shown to exist between
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the viscoplastic nature of a-C:H films and the coefficient of friction in vacuum. Viscoplastic
materials are ones in which the hardness increases with strain rate. This can be quantified
by the equation:
H = H0 · εx
where H is the hardness, H0 is a constant, ε is the strain rate, and x is a constant known
as the viscoplastic exponent. When x = 0, the hardness does not depend on strain rate,
so the behavior is purely plastic. Increasing values of x then indicate a greater viscoplastic
character [50, 52]. It has been shown that only a-C:H films with sufficiently high viscoplasticity were able to achieve superlow friction in vacuum [50, 52]. Figure 1.7 shows
the correlation between viscoplastic exponent and coefficient of friction for several different
a-C:H films [50]. It is hypothesized that since viscoplastic behavior is due to greater ease
of network relaxation, the more viscoplastic films are more capable of surface relaxation
during sliding allowing the formation of lower friction interfaces [50, 52].

Figure 1.7: Steady state coefficient of friction in vacuum for several different a-C:H films as
a function of the viscoplastic exponent. A correlation is found to exist between the films
viscoplastic character and the coefficient of friction, and films with mostly plastic behavior
cannot achieve superlow friction [50].
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The final mechanism often discussed in the tribology of DLC is carbon rehybridization
in the wear track, which is the subject of many, often conflicting, results. Several early
studies of DLC observed an increase in sp2 carbon in the wear track and tribofilm based on
Raman spectroscopic measurements. This is due to frictional heating overcoming the energy
barriers for sp3 to sp2 conversion, which are reduced by stress at the interface [53, 54]. On
this basis it was proposed that the mechanism for low friction in DLC was the formation of
crystalline graphite near the film surface, and shear was accommodated by interlayer sliding
of these graphite crystals. This mechanism was referred to as ”graphitization” [53, 55–57].
However, molecular dynamics (MD) simulations and better spectroscopic measurements
do not support this hypothesis. Near Edge X-Ray Absorption Fine Structure (NEXAFS)
spectroscopy, which can distinguish clearly between disordered sp2 carbon and graphite, has
shown no ordered graphite is produced in ta-C wear tracks [49], and transmission electron
microscope (TEM) images have also confirmed a disordered structure [51]. In addition,
multiple MD simulations have observed rehybridization from sp3 to sp2 carbon in simulated
sliding of DLC, but no crystalline structure was formed, the sliding interface remained
amorphous [58–61]. Some studies have also claimed to find an increase in sp3 carbon in
the wear tracks on the basis of Raman spectroscopy [51, 62]. It is proposed this is due to
the bonding of hydrogen to sp2 carbon, converting them to sp3 sites, resulting in a near
surface increase in hardness and density [62]. However, these findings are not certain, since
accurately determining the sp3 -C fraction from Raman data is difficult, and it is unclear
why an increase of C-H bonds near the surface would produce the observed increase in
mechanical properties, since such bonds do not contribute to the interconnectivity of the
carbon network.
The impact of surface rehybridization on tribology is also unclear. Many sources claim
that an increase in sp2 -C would result in increased adhesion and friction due to “strong” π-π
interactions between sp2 -C aligned in parallel [1, 40]. It is suggested that these interactions
could have strength similar to C-C covalent bonds [1]. This contention is primarily based
on observations that graphite has high friction in vacuum, which has been explained by
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claims that strong π-π interactions exist between graphite layers in vacuum, while in humid
air water could enter between the layers and weaken these π-π interactions, resulting in
easy shear [63]. However, this is not well supported. It has been shown by surface X-ray
diffraction measurements that the interlayer spacing in graphite is not changed between
vacuum and ambient environments [64], which refutes the hypothesis that water weakens
the binding force between graphite layers, and lends support to the alternative explanation
that graphite layers have intrinsically weak interactions and the high friction in vacuum is
due to dangling bonds at edge sites [65]. This would also be consistent with other sources
that claim the π-π interactions strength is closer in magnitude to van der Waals forces, and
far weaker than covalent bonds [66]. In addition, contrary to claims that sp2 -C aligned in
parallel across the sliding interface increases friction, MD simulations of self-mated a-C:H
sliding have found that during run-in sp2 -C near the surface rotates parallel to the sliding
direction, which decreases bonding between the two surfaces [59].

1.5. Thermal stability of DLC
Unfortunately, DLC films are known to have limited thermal stability, starting at temperatures as low as 100 ◦C in some cases [10, 18, 67]. The thermal degradation pathways for
DLC have been widely investigated, and are thought to consist of three primary mechanisms:
the direct conversion of sp3 to sp2 carbon, dehydrogenation (for a-C:H), and oxidation (in
aerobic conditions) [10]. The conversion from sp3 to sp2 carbon is frequently referred to
as “graphitization”. However, experimental evidence does not suggest the formation of ordered graphite, only a transition to a highly sp2 hybridized amorphous network [68]. The
environmental conditions strongly affect the reaction pathway and its kinetics, for example,
in aerobic conditions the thermo-oxidative degradation of DLC results in the formation
of volatile species (e.g., CO, CO2 ), leading to rapid film disintegration at higher temperatures [69–71]. The general trend at elevated temperature is decreased mechanical properties
and increased wear, due to the transformation from sp3 to sp2 bonded structure and the
oxidation of the film [10, 69, 72].
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a-C:H tends to have significantly lower thermal stability compared to ta-C, and studies
have shown thermal stability decreases with increasing hydrogen content [73, 74]. However, in these studies a mechanism was not proposed for the physical basis of hydrogens
effect on thermal stability. Experiments have seen conversion from sp3 to sp2 carbon for
a-C:H starting between 150 and 200 ◦C [69, 73, 75]. MD simulations of a-C:H with differing hydrogen content observed rehybridization starting at 1000 ◦C for films with 0% H and
decreasing to 325 ◦C for films with 50% H [74]. Loss of hydrogen is also observed in experiments [69, 73, 75], and this is hypothesized to be due to the breaking of sp3 C-H bonds and
the release of trapped free hydrogen in the film [73]. Loss of hydrogen has been observed in
MD simulations as well, however, it does not occur until much higher temperatures (400–
2000 ◦C, depending on H content) than experiments [74]. For ta-C rehybridization typically
does not occur until higher temperatures (600 ◦C) [68]. Based on a quantitative determination of the sp3 fraction from NEXAFS measurements [68], the thermally induced conversion
from sp3 to sp2 carbon in vacuum has been modeled using reaction rate theory as a first
order reaction with a distribution of activation energies [67]. This gave an activation energy
of 3.5 ± 0.9 eV [68].

1.6. Heat-assisted magnetic recording
The low thermal stability of DLC, and particularly of a-C:H, limits the use of these
films in high temperature applications. One emerging technology where this is of immediate concern is the development of high storage density heat-assisted magnetic recording
(HAMR) disk drives [11, 76]. As discussed previously in Section 1.3, DLC overcoats are a
critical component in the design of modern disk drives. However, scaling current hard disk
technology to higher storage densities is not possible, since the resulting magnetic grains
would be too small to hold their magnetization against thermal agitation. A temperature
stability factor can be defined as the ratio of magnetic energy to thermal energy:
Ku V
≥ 70
kb T
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where Ku is the materials magnetic anisotropy energy, V is the volume of a grain, and T
is the ambient temperature. The value of 70 roughly corresponds to a disk lifetime of 10
years [77]. Therefore, in order to maintain this ratio while reducing grain volume, high
anisotropy materials must be used. However, this presents challenges, since such materials
cannot have their magnetization set by the available recording head field in the first place.
A promising solution is to use heat-assisted magnetic recording (HAMR). In HAMR, a laser
is used to locally heat the magnetic material above the Curie point, reducing the coercivity
of a single domain below the available magnetic field, allowing recording on high anisotropy
materials [77, 78]. This is shown schematically in Figure 1.8. This approach requires local
temperatures over 300 ◦C during the recording process [78]. Thus, the low thermal stability
of a-C:H presents a problem for the use of conventional coatings in the design of HAMR
disk drives, so these new recording techniques require a new generation of protective films.

Coercivity

Heating
Media
Storage
Temp.

Cooling
Media

Available Head Field

Write
Temp.

Temperature
Figure 1.8: Schematic of the HAMR process. Heating the magnetic material reduces its
coercivity, allowing recording. The material then cools rapidly to the storage temperature,
locking in the recorded data [77].
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1.7. Improving the tribology and thermal stability of a-C:H through the addition of
Si and O
One way to overcome the limitations of a-C:H (high friction in humid environments and
low thermal stability), is through doping the films with other elements. Numerous dopants
are possible and have been investigated in the literature including Ti, B, S, Si, O, Cr, F,
W, and N [1, 13]. These can lead to modifications of a wide range of properties including
hardness, residual stress, electrical conductivity, and tribological behavior. For example,
doping with metal has been shown to increase electrical conductivity [13, 79], while the
incorporation of N can increase thermal stability and reduce residual stress, but decreases
hardness [71]. Silicon doping in particular has attracted research interest as a means to
reduce residual stress [80–82], increase thermal stability [70, 83], and lower friction in humid
environments [81, 84–86], while maintaining high hardness [81]. A variety of experimental
techniques (Raman, Fourier-transform infrared (FTIR), and X-ray photoelectron (XPS)
spectroscopy) have shown the inclusion of Si (∼10 atomic %) in DLC increases the fraction
of sp3 carbon [70, 80, 83, 87]. It has been proposed that this is due to silicon not forming
π bonds, and thus increasing the overall sp3 character of the film [70, 83]. In addition, Sidoping delays the typical rehybridization of sp3 carbon and formation of graphitic clusters
observed for a-C:H until higher temperatures [70, 83, 87]. In terms of tribology, the inclusion
of Si has been found to decrease the coefficient of friction in humid air compared to a-C:H.
Experiments with a-C:H:Si (10 atomic % Si) showed similar behavior to a-C:H in dry
environments, but a lower coefficient of friction (µ = 0.01) in humid air [84]. Based on ab
initio MD simulations it has been proposed that the inclusion of Si increases hydrophilicity
and decreases the energy barrier for water dissociation leading to Si-OH groups at the
surface [85, 86]. It has been proposed that these Si-OH groups serve as anchor points for
other water molecules through hydrogen bonding, leading to the formation of a water layer
that can result in decreased friction [85, 86].
One particularly interesting and important candidate for a next-generation coating is
SiOx -doped a-C:H (a-C:H:Si:O). Such SiOx -doped a-C:H is commonly produced through
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PECVD using hexamethyldisiloxane (HMDSO, C6 H18 OSi2 ) as a precursor [88, 89]. From
a production standpoint, this offers several advantages compared to pure silicon doping,
since HMDSO has low toxicity and flammability [88], compared to the silane precursors
used to produce a-C:H:Si, which are highly flammable and an explosion hazard [88, 89].
This material was first developed in the early 1990s and was referred to as diamond-like
nanocomposite (DLN) [90]. It has been claimed that a-C:H:Si:O possess many of the same
favorable properties as Si-DLC, including low residual stress, higher thermal stability, and
low coefficient of friction in humid air [14–16]. In addition a-C:H:Si:O has good adhesion
to a variety of substrates, including metals, semiconductors, ceramics, and plastics [14].
a-C:H:Si:O has been explored for many of the same applications as conventional DLC,
including the automotive and aerospace industries, biomedical applications, and the design
of MEMS [4, 42, 91–93].
A number of studies have investigated the structure of a-C:H:Si:O through Raman,
FTIR, and XPS spectroscopy [89, 94–96]. The films are found to primarily consist of C-C,
C-H, Si-O, and Si-C bonding [89, 95]. For a series of films deposited with varying Si and O
content (7–22 at. % Si, 16–46 at. % O), it was found that increasing Si favors sp3 carbon
bonding and reduces residual stress, similar to a-C:H:Si [84, 89]. Oxygen preferentially
bonds to Si, replacing Si-H bonds, and at high levels of Si and O leads to the formation
of a Si-O-Si network [89]. Si-C bonds form the connectivity between the a-C:H and Si:O
networks, and there is minimal C-O bonding [89, 96]. Based on Raman spectroscopy of
films with differing Si content, it was proposed that for low Si content (< 13 at. %) the
structure consists of a single phase, while for films with high Si content (> 13 at. %) a large
increase in the photoluminescent background is hypothesized to be caused by a segregated
SiOx phase [94].
Based on these measurements, a-C:H:Si:O is proposed to consists of a diamond-like network of amorphous carbon and hydrogen (a-C:H) and a second quartz-like network of silicon
and oxygen (a-Si:O) (see Figure 1.9) [14, 89, 96]. These two networks are intermingled and
result in a purely amorphous structure with interbonding between the two networks due
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Figure 1.9: Schematic of the structure of a-C:H:Si:O. The material is made of two networks,
one of (a-C:H) and the other of (a-Si:O). The connection between the two networks is
proposed to be primarily Si-C bonds [14, 89, 96].
to Si-C bonding [95, 96]. The structure of a-C:H:Si:O shown in Figure 1.9 is proposed
to offer several key advantages over a-C:H. First, the intermingling of the a-Si:O network
results in more structural degrees of freedom, allowing a-C:H:Si:O to adopt structures with
lower residual stress (< 1 GPa) than a-C:H (several GPa) [89]. Additionally, the saturation of bonds with O causes a-C:H:Si:O to resist further oxidation. Finally, Si favors sp3
hybridization and bonds to C in the film forcing a higher sp3 -C fraction and preventing
carbon rehybridization at high temperatures [14, 15, 89]. Table 1.3 gives typical properties
of a-C:H:Si:O compared to a-C:H.
Investigations into the thermal stability of a-C:H:Si:O have suggested it is thermally
stable up to 400 ◦C in aerobic and 600 ◦C in anaerobic environments [15, 97]. Raman spectroscopy measurements have suggested changes in film structure beginning around 300 ◦C in
air, and 400 ◦C in inert environments, however, the mechanical properties did not decrease
until 400–600 ◦C depending on the environment [15, 97]. Also, a-C:H undergoes significant
reactions with oxygen when annealed in air starting at 200 ◦C, resulting in film loss due to
the formation of CO2 . For a-C:H:Si:O annealed in the same conditions minimal film loss
was observed up to 300 ◦C [97]. It was proposed that oxygen preferentially reacts with Si
rather than C, delaying film volatilization [97].
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Table 1.3: Comparison of properties for a-C:H:Si:O with a-C:H [3, 88]. The composition
of a-C:H:Si:O can vary greatly depending on deposition methods. Typically films contain
5–35 at. % Si and 3–30 at. % O.
Property

a-C:H:Si:O

a-C:H

Young’s Modulus
Hardness
Degradation
Temperature
µ (Humid)
µ ( Dry )
C Hybridization
H content

40–160 GPa
6–30 GPa
> 300 ◦C
(uncertain)
0.04–0.1
0.01–0.03
unknown
10–40 at.%

50–150 GPa
10–20 GPa
150 ◦C
(loss of H, sp3 →sp2 )
0.1–0.5
0.001–0.01
30–50% sp3
30–50 at.%

Similar to silicon doped a-C:H, a-C:H:Si:O films are proposed to have improved tribological behavior in humid environments. A number of studies have measured the coefficient
of friction for a-C:H:Si:O in humid air and found values between 0.04 and 0.2 depending
on the film composition and sliding conditions [16, 17, 91, 96, 98, 99]. For example, the
coefficient of friction for low Si content a-C:H:Si:O sliding against 52100 steel in humid air
(30–50% RH) with a 10 N load was found to be between 0.04 and 0.08 [16, 91], while a
coefficient of friction between 0.05 and 0.1 was found when sliding against WC balls (5 N
load) [96]. There has been some investigation of the effect of Si content on the friction of
a-C:H:Si:O, with one study finding a coefficient of friction between 0.05 and 0.15 for films
with low (< 5%) Si in humid air (50% RH), which decreased to 0.04–0.08 for films with
moderate Si content (18%). However, when the Si content was increased further (36%), the
coefficient of friction increased to 0.1–0.2 [99].
However, there is still a lack of knowledge regarding the structural composition and
the physical basis for the observed effects of Si and O on macroscopic properties. For
instance, the ratio of sp2 to sp3 -bonding or the thermal degradation pathways are not
known. There has been some effort to understand the improved tribological properties in
humid environments. Scharf et al. [17] conducted sliding test between a-C:H:Si:O and steel
in well controlled environments (dry N2 , dry air (< 1% RH), and humid air (50% RH) with
loads ranging from 50 to 1000 mN. At a load of 100 mN, the steady state coefficient of
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friction was 0.02 in dry N2 , 0.05 in dry air, and increasing to 0.22 in humid air. It was
observed that the friction displayed non-Amontonian behavior (the coefficient of friction
decreased with load), and it was proposed that this behavior could account for the higher
coefficient of friction measured in humid air (0.22) compared to prior works using a higher
load [16, 17]. It was proposed that the environmental effect on friction was controlled by
modifying the chemical composition and resulting interfacial shear strength of the tribofilms
formed in different environments. In dry environments, carbon rich tribofilms with large
quantities of C-H bonding were present with a low shear strength (9 MPa), while in humid
air SiOx rich tribofilms with a much higher shear strength (78 MPa) were observed [17].
Work by Koshigan et al. [100] investigated the tribological behavior of a-C:H:Si:O in
vacuum and low partial pressures of hydrogen and oxygen gas. It was observed that in
high vacuum or low partial pressures of either gas (< 10 mbar), friction was high (µ > 1).
However, after a critical partial pressure was reached (between 10 and 50 mbar), friction
dropped to below 0.1. A spectroscopic investigation of the wear tracks and steel balls
revealed that under low gas pressures adhesive junctions formed between the a-C:H:Si:O
and the steel, leading to transfer of steel from the ball to the a-C:H:Si:O flat, resulting
in high friction. For the case of high gas pressure, initial adhesive junctions still form,
however, the material transfer is from the a-C:H:Si:O to the steel, leading to the formation
of a carbon rich tribofilm film. The low steady state friction then results from the weak
interaction and low shear strength between this tribofilm and the a-C:H:Si:O.

1.8. Investigating the tribological behavior and thermal stability of a-C:H:Si:O
Despite the prior studies on the properties of a-C:H:Si:O that have shown improvements in tribology and thermal stability, the exact origins, mechanisms, and extent of these
improvements are unknown. For the purpose of designing improved tribological coatings
this presents a problem, since a lack of a physical understanding of the structure-property
relationships in a-C:H:Si:O prevents informed coating design. For example, the optimal
quantities of Si and O are not known, and are typically a side effect of the precursor
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molecules used, rather than a design consideration.
As stated above, in this thesis, the tribological behavior and improved thermal stability
of a-C:H:Si:O compared to a-C:H will be investigated through a combination of experimental measurements and atomistic simulations. To explore improvements in tribological
properties, friction and wear testing was performed on two different a-C:H:Si:O samples
with varying atomic composition over a range of environments and loads. Coefficients of
friction between approximately 0.03–0.05 in dry environments (RH < 5%) to 0.13 in humid air when sliding against steel were observed. This is better than prior observations
for undoped a-C:H films, which typically have friction coefficients close to 0.2 in humid
air (although considerable variation exists) [10]. The scaling of friction with load was also
investigated and showed a power law decrease of the friction coefficient vs. load. The wear
rate of a-C:H:Si:O, which is important for understanding the durability of these coatings,
has generally not been carefully investigated in previous literature. Here, the formation of
wear tracks was measured as a function of sliding cycles and the wear rate was shown to be
correlated with the energy dissipated by friction. The results demonstrate that friction and
wear behavior is controlled by the formation of adhesive junctions between the a-C:H:Si:O
films and the steel, and by the development of transfer films on the steel counterface. Possible mechanisms occurring during run-in will be discussed.
To explore the thermal stability, annealing experiments compared undoped a-C:H and
a-C:H:Si:O. The a-C:H:Si:O films showed significant improvements in thermal stability at
temperatures up to 450 ◦C. Spectroscopic analysis using multiple complementary techniques
was used to determine the thermal degradation mechanisms in a-C:H:Si:O in both vacuum
and aerobic environments. Thermal decomposition of a-C:H:Si:O in vacuum followed similar
pathways to a-C:H (loss of hydrogen and conversion from sp3 to sp2 bonding). However, the
temperatures required for this thermal decomposition to occur were substantially increased.
In aerobic environments, the inclusion of Si and O was shown to significantly reduce film
decomposition through oxidation by the formation of a protective Si:O2 surface layer, which
limits carbon volatilization. Modeling of quantitative measurements of the carbon sp3
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fraction was used to determine activation energies for the thermally induced sp3 -to-sp2
conversion for both a-C:H and a-C:H:Si:O and revealed the addition of Si and O increases
the mean activation energy for rehybridization.
In order to understand the atomistic origins of this enhanced thermal stability, reactive
MD simulations using the ReaxFF potential were performed on a-C:H and a-C:H:Si:O. As in
experiments, the simulated a-C:H:Si:O demonstrated increased thermal stability compared
to conventional a-C:H. The primary thermal degradation pathway in undoped a-C:H was
observed to be the breaking of tensile strained C-C bonds resulting in a transformation of
sp3 to sp2 -hybridized carbon. The presence of Si suppresses this mechanism by decreasing
the frequency of highly strained C-C bonds in the unannealed structure. This is due to the
longer C-Si equilibrium bond length compared to C-C bonds, which allows the Si-doped
films to accommodate higher structural disorder. By linearly varying the temperature in
the simulations the activation energy for rehybridization could be modeled using the same
methods as for the experiments and produced good agreement between the experimental
and simulation results.

25

CHAPTER 2: Tribological behavior of a-C:H:Si:O as a function of environment and
load
As described in Section 1.4, the tribological behavior of DLC is a complex process
dominated by adhesive interactions, which strongly depend on the composition of the film
(e.g., a-C vs. a-C:H) and the environment (e.g., air, vacuum, humidity). Although a-C:H
films have found wide success in many applications [3, 4, 8, 12], the strong environmental
dependence of the friction, in particular the large increase in friction and wear with humidity,
is a major limitation for the use of a-C:H in important technological applications, such as
aerospace components that involve operation in terrestrial (humid) environments [10, 12,
42]. This has motivated ongoing research into improving the tribological behavior of a-C:H,
particularly in humid environments. a-C:H:Si:O has attracted considerable interest as an
alternative to a-C:H coatings which can be used in many of the same applications while
maintaining a reasonably low coefficient of friction even in humid environments [4, 14, 16,
42, 92, 99].
A number of prior studies have investigated the friction of a-C:H:Si:O, primarily in
humid air (30-50% RH) when sliding against steel [16, 17, 91, 99]. A summary of some
results is given in Table 2.1. Several early studies noted significantly lower coefficients of
friction in humid environments for a-C:H:Si:O compared to a-C:H [16, 91, 99]. However, this
behavior was not universal, and in some cases moderately higher friction coefficients were
observed in humid air [17]. These different results are attributed to the different normal
stress at the contact and will be addressed in Section 2.8. Much of this prior work is based
a-C:H:Si:O samples with similar composition, and the exact mechanisms controlling the
Table 2.1: Summary of coefficient of friction values for a-C:H:Si:O in humid air (30-50%
RH) vs. steel from prior work.
Reference
[16]
[91, 99]
[17]

Applied Normal Stress (GPa)

COF

0.8
0.8
0.3–0.6

0.05
0.04–0.08
0.22–0.1
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friction and wear are uncertain. Therefore, further research into the tribological behavior
of a-C:H:Si:O, including samples with different compositions, is important for understanding
of the tribology of a-C:H:Si:O and to see if reported behavior is universal to this class of
materials over a range of compositions.

2.1. Experimental samples
For the work in this thesis, several a-C:H:Si:O samples with different compositions were
investigated. Two different a-C:H:Si:O samples were purchased from Sulzer Metco (now
Oerlikon Balzers, Pfäffikon, Switzerland). These samples were 2 µm thick films deposited
using PECVD from an HMDSO source gas and (at the time of purchase) were called DLN
180 and DLN 360. This product line is now listed as Balinit Dylyn and may have different composition than the samples used in this work. A third a-C:H:Si:O sample was
obtained from NCD Technologies (Madison, WI, USA). This sample was deposited using
PIIID from an HMDSO source gas. This film was a custom order and not part of any
standard product line. The film was 40 nm thick and deposited on a silicon wafer. The
atomic composition of each samples was determined through a combination of X-ray photoelectron (XPS) spectroscopy, forward recoil elastic scattering (FRES), secondary ion mass
spectrometry (SIMS), Rutherford backscattering spectrometry (RBS), and hydrogen forward scattering (HFS). The XPS and FRES was performed by Dr. Filippo Mangolini and
J. Brandon McClimon using equipment at the University of Pennsylvania, while the SIMS
and RBS/HFS was performed by Evans Analytical Group (Sunnyvale, CA, USA). Table 2.2
shows a summary of the atomic compositions for each sample.
The DLN 180 composition has been the subject of much prior tribology research [14,
Table 2.2: Atomic composition of a-C:H:Si:O samples used in this thesis.
Sample
DLN 180
DLN 360
NCD Tech

C%

H%

Si %

O%

57.0 ± 1.0
44.0 ± 5.0
25.1 ± 0.1

34.0 ± 1.0
30.0 ± 5.0
47.0 ± 2.0

6.0 ± 1.0
18.0 ± 5.0
10.3 ± 0.1

3.0 ± 1.0
7.0 ± 5.0
14.6 ± 0.1
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16, 17, 91, 99, 100]. As such, in this work the tribological experiments focused on DLN 360
and NCD Technologies a-C:H:Si:O while being compared to prior literature on DLN 180
a-C:H:Si:O in order to both further the understanding of the tribology of a-C:H:Si:O and
to the effect of different film compositions on the tribological behavior. DLN 180 samples
were investigated later as the experimental reference for the thermal stability work.

2.2. Description of gas blowing tribometer
In order to investigate the tribology of a-C:H:Si:O in a range of environments a custom
built reciprocating motion tribometer was used, located at the Laboratoire de Tribologie et
Dynamique des Systèmes in Lyon, France during a visit from September–November 2015.
The tribometer had the ability to flow gas into the contact area to control the sliding
environment between laboratory air, dry air, and dry nitrogen. A photograph of this setup
is shown in Figure 2.1. The a-C:H:Si:O samples were slid against 3 mm radius 52100 steel
ball bearings under a 0.5 N load. This corresponds to a mean Hertzian normal stress of
0.3 GPa The sliding speed was constant at 3 mm/s. The a-C:H:Si:O and the steel balls were
cleaned prior to testing by sonicating in acetone and then ethanol. The relative humidity

(a)

(b)

Figure 2.1: (a) Image showing the setup of the gas blowing tribometer used for measurements of friction and wear in different environments. A schematic of the setup is shown in
(b). Normal force was applied via weights and an actuator controlled the sample motion.
Two nozzles directed the flow of gas at 5 L/min to the contact perpendicular to the sliding
direction to control the environment.
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of the laboratory air varied, but was typically around 40% and always fell between 23–42%.
Environmental conditions were controlled by the flow of gas into the contact at 5 L/min.
Nozzles located to both sides of the contact area directed the flow, which was perpendicular
to the sliding direction. Two gases were used, dry nitrogen and dry air. A hygrometer
was used to measure the relative humidity in the contact region while gas was flowing and
confirmed it to be less than 5%. For each set of conditions, the sliding tests were performed
at least 3 times to check for reproducibility. In the analysis that follows only one set of
representative data is shown.
Typically, when performing tribometer experiments, the coefficient of friction is measured for each sliding cycle, but wear (or other changes to the surface) can only be measured
for the final wear track after all sliding is done. One solution to this is to produce what
is known as a multisection wear track, or a “stripe test”. In this case, the track length
(initially 3 mm) is reduced after a set number of cycles, while the speed is held constant.
This periodic reduction in track length continues throughout the test so that the final wear
track is made up of a number of sections showing the progression of wear. An example
illustrating such a wear track is shown in Figure 2.2.

2.3. Basic principles of atomic force microscopy
One of the best tools for analysis of wear tracks post-sliding is the atomic force microscope (AFM). The basic principle of the AFM is to measure the interaction between a sharp

Figure 2.2: Optical microscope image showing an example of a multisection wear track
produced in dry N2 . The number of sliding cycles for each section is labeled. The total
length of the wear track is 3 mm. The image was produced by stitching together individual
high magnification images.
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probing tip and a sample surface. A schematic of an AFM setup is shown in Figure 2.3. In
AFM, the probing tips can have very low radii of curvature (as small as 10 nm), which allows
for potentially sub-nanometer lateral resolution. The tip is attached to a flexible cantilever
produced through microfabrication techniques, which is typically thin (0.5–1 µm), with a
low spring constant (0.1–50 N/m), and a high resonance frequency (10 kHz – 1 MHz) [102].
In response to the normal and lateral forces between the tip and the sample, the cantilever
is deflected. Most modern AFMs use the optical beam deflection technique to detect the
cantilever deflection. In this scheme, a laser is focused on the back of the cantilever and
reflects into a four quadrant photodetector which tracks the motion of the cantilever. Images are acquired by rastering the tip over the sample and recording the normal and lateral
deflection of the cantilever as a function of the position [102].
Typical tip-sample forces are between 10−11 and 10−6 N. In comparison, at separations

Figure 2.3: Top: Diagram of contact mode AFM setup. A cantilever with a sharp tip is in
contact with the sample surface. A laser is focused on the back of the cantilever and reflects
into a photodetector. Normal forces move the cantilever vertically, while lateral forces twist
the cantilever left and right. The sample is moved horizontally with a piezoelectric scanner
and the tip is rastered over the surface to produce an image [101] Bottom: Image of the
end of a typical AFM cantilever showing the sharp tip. Tip radii can be < 10 nm.
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of a few Ångstroms, the interaction between covalently bonded atoms is of the order 10−9 N.
Thus an AFM can be used for non-destructive measurement [103]. Frictional forces create
lateral deflections of the cantilever and can be measured as well. This work was carried out
using a Dimension Icon AFM operating in contact mode (Bruker Corporation, Billerica,
MA, USA).
The raw output of the AFM is a signal in volts, and requires calibration to be converted to real units. Typical values of interest are the topography in nm or µm, the normal
and frictional forces in nN, the contact diameter in nm, and the contact stress in GPa.
First, the normal deflection of the cantilever and the topography signal can be converted
to units of length by measuring the deflection sensitivity of the cantilever, defined as the
change in photodetector voltage per nm of deflection. In performing this measurement,
the amount of cantilever deflection is determined through a prior calibration of the piezoelectric scanner that moves the cantilever or some form of alternative sensor, such as a
capacitive sensor [103]. Then if the normal spring constant of the cantilever is known, the
normal deflection can be converted to normal force. There are several methods to determine to normal spring constant, including calculations from beam bending formulas based
on the cantilever dimensions, deflection of a reference cantilever with known spring constant, Sader’s method [104] (which is based on the hydrodynamic behavior of the cantilever
oscillating in air), and the thermal tune method (which relates the spring constant to the
mean square displacement of the cantilever oscillations in air) [105]. The thermal tune
method is built into the Dimension Icon AFM, and was the primary method used for this
work.
In general, the lateral force has two components, the friction force and a geometric component, when scanning on sloped surfaces. Generally, it is only the friction force which is
of interest. The geometric component of the lateral force can be eliminated by subtracting
the lateral force measurements in two opposite scan directions (referred to as the trace
and retrace directions). Since the friction force has opposite signs depending on the sliding
direction while the geometric component has the same sign in either direction, this subtrac-
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tion will eliminate the geometric component while doubling the friction force. Calibrating
the lateral deflection is more challenging, since the lateral deflection sensitivity is difficult
to measure and most of the normal force calibrations do not work for the lateral force [101].
One method to overcome these difficulties is to compute a single lateral force sensitivity
(which is a combination of the deflection sensitivity and the lateral spring constant) by
scanning a sample with known slopes and taking advantage of the geometric component of
the lateral force. This method is known as the wedge method [101].
Finally, the contact diameter and stress can be computed through contact mechanics
if the tip radius of curvature is known. This can be measured via transmission electron
microscopy (TEM), however, this is very time consuming. Instead the tip radius is often
estimated from a procedure known as blind tip reconstruction (BTR) [106]. This procedure
involves scanning a rough surface and observing that the resulting image is actually a combination of the tip and sample geometry. Mathematically, the topography image produced
is a dilation of the real topography by the tip apex geometry. In the BTR method, an
iterative algorithm is used to solve for the tip shape consistent with measured topography
image [106].
Other than AFM, a second method to measure sample topography is scanning whitelight interferometry. Interferometry provides 3D topography data based on the phase difference between light reflected from the sample surface and light from a reference mirror. This
phase difference is used to determine the sample height at each pixel [107]. The advantages
of interferometry are excellent vertical resolution (< 0.1 nm) and the ability to rapidly image
large (> 100 × 100 µm) areas. However, disadvantages compared to AFM include limited
lateral resolution (as an optical technique interferometry is diffraction-limited resulting in a
lateral resolution of approximately 600 nm), and inability to measure any surface forces. In
addition interferometry can be limited by the optical properties of the sample. This is particularly relevant for the NCD Technologies a-C:H:Si:O. This film was semi-transparent and
only 40 nm thick on a polished silicon substrate. Because of this light can be reflected from
both the film surface and the silicon substrate, resulting in artifacts in the interferometry
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data for this sample.

2.4. Brief description of the Hertz theory of contact mechanics
In the study of tribology, theories of contact mechanics, which describes the stress and
deformations that arise when two surfaces are brought into contact, are of great importance.
In particular, the problem of a sphere in contact with a flat surface is critical for describing
both the tribological contact and the contact between the AFM probe and the surface. The
first solution to this problem was by Heinrich Hertz in 1882 who considered the solution
to the problem of two contacting spheres [108]. A detailed description of this solution and
its derivation is provided by Johnson [109], here a brief description of the important results
will be presented.
The Hertz model is derived for two contacting spheres under the assumptions of smooth,
macroscopic contact between the two bodies undergoing elastic deformation which are homogeneous, isotropic, and linear elastic. Furthermore, it is assumed there is no adhesion
between the two surfaces and the deformations are small compared to the geometry of the
contacting objects. Although the solution is for two spheres, this reduces easily to the case
of a sphere on flat contact by letting the radius of the second sphere go to infinity. Hertz
showed a solution for the normal pressure distribution within the contact that satisfies the
displacement boundary conditions is given by [108, 109]:

p = p0 {1 − (r/a)2 }1/2

where p0 is the maximum pressure occurring at the center of the contact, r is the radial
distance for the point of contact, and a is the radius of the contact area. From this the
contact parameters of interest (contact radius a, indentation depth δ, and mean contact
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pressure pm ) can be derived and are given by:

3RL 1/3
a=
4Ec
1/2

a2
9L2
δ=
=
R
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πa2
π 3R


(2.1a)
(2.1b)
(2.1c)

where R is the radius of curvature of the sphere, L is the normal load, and Ec is a composite
elastic modulus based on the two contacting materials defined as:
1
1 − ν12 1 − ν22
=
+
Ec
E1
E2
where E and ν represent the elastic modulus and Poisson’s ratio of the two materials in
contact. The maximum contact pressure, occurring at the center of the contact is equal to
3pm /2. Some authors include a factor of 1/2 in the definition of the composite modulus [110],
which results in a factor of two difference in the constants for the above equations.
Although the Hertz model is a reasonable description of contact mechanics, there are
a number of limitations. The effect of shear forces and sliding between the two surfaces
is not considered; it is assumed there is not slip between the surfaces (i.e., high local
friction); there is no adhesion force; the contact indentation is assumed to be much smaller
than the contact radius, and the contact radius much smaller than the sphere radii; and it
assumes only elastic deformations. All of these are often not true in tribological contacts. In
addition, it is assumed that the two surfaces can be considered as infinite half spaces, which
may not be valid for thin films on substrates. Later work has proposed a number of more
complex models that account for some of these limitations by relaxing the assumptions made
in the Hertz solution. For example, the Johnson-Kendall-Roberts (JKR) theory and the
Derjaguin-Müller-Toporov (DMT) theory include the effects of adhesion, although they do
so in different ways [111]. In general, the JKR theory works better for soft contacts, while the
DMT theory is preferred for contacts between hard materials with minimal deformation due
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to adhesion [111]. The effect of frictional forces and sliding contacts has also been considered.
For contact between identical materials the normal pressure and contact area are the same
as given by the Hertz model, although other stress components will be affected [109]. For
dissimilar materials the deviation from the Hertz solution for normal pressure and contact
area depends on the difference between the shear modulus and Poisson’s ratio of the two
materials, but is generally small [109].
For this work, the basic Hertz theory is used as an approximation for computing contact
area and normal pressure. Even though it is known that many of the assumptions in this
model will not be true in a tribological contact, the model can still provide a reasonable
approximation of the contact parameters. In addition, during sliding material transfer from
the sample surface to the ball is known to produce third body films in the contact, which
can have very different and hard to measure mechanical properties. Thus, although more
complex contact mechanics models exist, there is limited improvement in predictions that
can be achieved since the formation of transfer films and significant plastic deformation
make any model only a rough approximation.

2.5. Environmental dependent tribology of a-C:H:Si:O
Samples of NCD Technologies a-C:H:Si:O were run in three different environments;
laboratory air (40% RH), dry air (< 5% RH), and dry nitrogen (< 5% RH). A summary
of the friction data is shown in Figure 2.4. The contact pressure computed from Hertz
contact mechanics was 0.3 GPa. The sliding distance was progressively decreased during
the experiments to produce multisection wear tracks. In each case the coefficient of friction
initially drops during a period of time called “run-in”, and then stabilizes (typically in this
case after 50–100 cycles). The coefficient of friction is, on average, 0.03 in dry nitrogen.
This increases to an average value of 0.05 in dry air once stabilized, and to 0.13 in humid
air, although there is substantial variation seen in humid air. The amount of wear is also
substantially different between each environment, with higher wear in humid and dry air,
and a much lower wear rate in dry nitrogen. Arrows in Figure 2.4 show the approximate
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Figure 2.4: Coefficient of friction vs. sliding cycles obtained in three different environments,
laboratory air (40% RH), dry air (< 5% RH), and dry nitrogen (< 5% RH) for NCD
Technologies a-C:H:Si:O. In each environment the coefficient of friction initially drops during
a run-in period, followed by stabilization. Friction is lowest in dry N2 and highest in humid
air. The arrows indicate the approximate location where the film began to be worn through,
based on measurements of maximum wear depth. As the films begin to wear through the
coefficient of friction becomes unstable and begins to increase.
location where the film first began to wear through (the point where the maximum wear
depth becomes greater than or equal to the film thickness). As can be seen, this is strongly
correlated with a rapid increase in friction.
Generally these results are consistent with prior literature on the friction of a-C:H:Si:O
in different environments. Scharf et al. [17] measured the coefficient of friction between DLN
180 a-C:H:Si:O and steel in dry nitrogen, dry air, and humid air (50% RH) with a contact
pressure of 0.3 GPa (the same as used here). The coefficients were 0.02 in dry nitrogen,
0.05 in dry air, and 0.22 in humid air. These environmental-dependent differences were
attributed to changes in the interfacial shear strength of the tribofilms produced in each
environment. In dry environments, the tribofilms were carbon-rich with large quantities
of C-H bonding, resulting in a low shear strength (9 MPa), while in humid air SiOx -rich
tribofilms formed with a much higher shear strength (78 MPa). The results here on the
much more silicon and oxygen rich NCD Technologies a-C:H:Si:O is in excellent agreement

36

with these results, indicating that these mechanisms may be universal to a-C:H:Si:O and
not limited to the specific atomic compositions studied.
Prior studies have reported much lower coefficients of friction (0.04–0.08) in humid
environments [16, 91, 99]. This difference, however, is attributed to the much higher loads
used (contact stresses over 0.8 GPa) [17]. This behavior will be discussed later in the context
of the load dependent tribology results presented in Section 2.8.
It has previously been shown that for DLCs in general, the formation of a tribofilm
on the steel surface is important for achieving low friction [12, 26, 50]. After the run-in
period, sliding occurs at the DLC / tribofilm interface, and thus the steady state friction
is controlled by the interfacial interactions between the tribofilm and the DLC [40, 51]. In
all cases the formation of a tribofilm was observed on the steel ball. Optical microscope
images of representative examples are shown in Figure 2.5 for each environment.
Characterization of the properties of these tribofilms was not a major component of the
work in this thesis, however, detailed analysis of these films was carried out by McClimon
et al. [112] and the key details will be briefly mentioned. The tribofilms formed in all three
environments were surprisingly thick, ranging from 0.5–2 µm when measured with AFM
(prior reports of DLC tribofilm thickness are in the range of 100 nm or less). Nanoindentation performed on these tribofilms showed they were significantly softer (E = 1–30 GPa,
H = 0.3–3.5 GPa) compared to the as-received film (E = 120 GPa, H = 11 GPa). There

(a)

(b)

(c)

Figure 2.5: Optical microscope images of tribofilms on steel balls formed in (a) laboratory
air (40% RH), (b) dry air (< 5% RH), and (c) dry nitrogen (< 5% RH). The formation of
tribofilms is known to be important for achieving low friction and wear.
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was a large degree of lateral inhomogeneity in the films mechanical properties. Although
there is a large degree of scatter in the data, the tribofilms formed in humid air generally
have a higher average modulus and hardness compared to films formed in dry nitrogen and
dry air. On the basis of spectroscopic measurements, the tribofilms are proposed to have a
partially polymeric structure.
Using AFM, wear track dimensions were measured as a function of environment and
sliding cycles. The results are shown in Figure 2.6. Since the NCD Technologies a-C:H:Si:O
films were only 40 nm thick, the samples could be worn through relatively rapidly. The
point at which the maximum wear depth reached the film thickness was observed to be well
correlated with the sudden increase in friction seen in Figure 2.4 at the end of each test. As
shown in Figure 2.6a, the maximum wear depth increases approximately linearly with the
number of cycles, but at much different rates in each environment. In dry nitrogen, steady
state, low friction sliding could be maintained without the film wearing through for over
1000 cycles, compared to less than 200 cycles in humid air.
The wear track width is primarily determined by contact mechanics, which depends
on the mechanical properties of the tribofilms. As can be seen in Figure 2.6b, the wear
tracks formed in dry environments have similar width, which is significantly larger than
the wear tracks formed in humid air. It is proposed that the softer tribofilms formed in
dry environments are more easily compressed, expanding the contact area, compared to the
harder tribofilms formed in humid air. Although wear track width does increase over time,
it is not strongly dependent on the number of cycles, and clear environmental differences are
present even after only 10 cycles. This indicates that the tribofilm forms almost immediately
after the start of sliding and requires minimal run-in. Finally, the wear track cross sectional
area is shown in Figure 2.6c. The cross-sectional area is proportional to the worn volume,
which is typically the quantity of interest in characterizing a material’s wear resistance.
The overall rate of wear is much higher in humid air and dry air compared to dry nitrogen.
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Figure 2.6: Wear track dimensions measured with AFM for laboratory air (40% RH), dry
air (< 5% RH), and dry nitrogen (< 5% RH). (a) Maximum wear track depth as a function
of sliding cycles. The total a-C:H:Si:O film thickness was 40 nm (indicated by the gray line).
Maximum wear track depth increases with the number of cycles. (b) Wear track width as a
function of sliding cycles. The wear tracks formed in dry environments have similar width,
which is significantly larger than the wear tracks formed in humid air. The wear track width
is primarily determined at the start of sliding by contact mechanics, which are effected by
the properties of the tribofilms. In dry environments a wide transfer film formed, expanding
the contact diameter. (b) Wear track cross sectional area as a function of sliding cycles.
The overall amount of wear is greatest in humid air and least in dry N2 .
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2.6. Wear track topography measured with AFM
In order to gain understand more of the mechanisms controlling the friction and wear
behavior in different environments, AFM topographic and friction images were obtained
on the different wear tracks. These revealed interesting nanoscale features that provide
insight into the mechanisms occurring during run-in and controlling the friction and wear.
Figure 2.7 shows AFM topography images of wear tracks formed in dry nitrogen and dry air
after 50 sliding cycles. Both dry environments are considered together since the nanoscale
behavior is similar. For both cases, the maximum wear depth occurs in a very narrow region
at the extreme edges of the contact as seen by the formation of a set of narrow grooves,
approximately 2–3 nm deep. The center of the wear track is flat, and the wear depth in
the center, ∼1 nm, is significantly less than the maximum wear depth in the grooves. A
particularly clear example of this topography for a much deeper wear track is shown later
in Figure 2.20b. Wear events inside the track appear to occur at localized points where a
few nanometers of material is removed.
For the case of dry nitrogen, where the wear volume is smallest, it is interesting to

10.5 nm

20 µm
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0.0 nm
(a)

0.0 nm
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Figure 2.7: AFM topography images of wear tracks formed on NCD Technologies a-C:H:Si:O
in dry nitrogen (a) and dry air (b) after 50 sliding cycles. Wear tracks in both dry environments appeared similar, but with higher wear in dry air than dry N2 . In both cases
the maximum wear depth occurs at the side of the contact due to the formation of narrow
grooves along the edge of the wear track, while the center of the wear track is a flat plateau.
This unusual topography is highly reproducible for a-C:H:Si:O.
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note that the wear track surface is elevated compared to the surrounding film. A line
profile showing this is in Figure 2.8. This suggests that structural changes are taking
place causing expansion in the near surface region. One possibility is rehybridization from
sp3 to sp2 carbon, caused by stress and frictional heating, which results in a reduction in
density. Many prior experimental studies on the tribology of DLC have shown spectroscopic
evidence an increase in sp2 carbon in the wear track [49, 53, 56, 57]. In addition, MD
simulations of sliding DLC surfaces have also seen increased sp2 carbon at the interface [58–
61]. Furthermore, simulations by Pastewka et al. [59] have shown that the sp2 carbon
rings at the sliding interface are preferentially oriented to be parallel to the surface of
the film. It is expected that rehybridization from sp3 to sp2 carbon in such a manner
would result in expansion normal to the wear track surface, because of the larger van
der Waals spacing between planar sp2 -bonded regions compared to covalent C-C bond
lengths [67]. Spectroscopic evidence in support of this proposed mechanism will be shown
later in Section 2.9. It is hypothesized that the same processes are occurring in the dry air
wear tracks as well, but because of the higher wear rate an elevated surface is not observed.
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Figure 2.8: Line profile from AFM topography measurement of wear track formed in dry
nitrogen after 50 sliding cycles. Large regions of the wear track are raised compared to the
as-received surface, indicating either the formation of a tribofilm on the a-C:H:Si:O surface
or a structural change resulting in near surface expansion.
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Higher resolution magnified images for the dry nitrogen wear tracks are shown in Figure 2.9 and for dry air in Figure 2.10 along with corresponding friction images. The wear
track topography shows clear evidence for the dominant role of adhesive interactions in the
tribology of a-C:H:Si:O. Material removal is observed to occur at localized regions consistent
with the idea of forming and breaking adhesive junctions. There is higher friction inside
the worn areas compared to the surrounding surface.
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Figure 2.9: Magnified AFM scans of wear tracks produced in dry nitrogen after 50 sliding
cycles. (a) Topography and (b) friction for a 5 × 5 µm2 area in the center of the wear track.
Material removal occurs at localized regions through the breaking of adhesive junctions.
There is higher friction inside the worn areas compared to the surrounding surface. (c)
Topography and (d) friction for a magnified 1.5 × 1.5 µm2 area surrounding a single wear
site. The surface has significant texturing, with clear friction contrast. Interestingly, other
than the elongation of the wear events parallel to the sliding direction, the modified wear
track surface appears isotropic. There is no clear indication of sliding direction.
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The wear tracks formed in dry air display similar topography to the tracks formed in
dry nitrogen. However, the area ratio of higher friction regions to the lower friction regions
in the wear track is larger than in dry nitrogen. This topography is consistent with the
higher friction and increased wear observed when oxygen is present. These changes can be
attributed to the increased reactivity of the dry air environment, which includes oxygen.
Spectroscopic analysis of DLN 180 a-C:H:Si:O wear tracks by Koshigan et al. [100] has
shown a significant increase in C-O bonding in wear tracks formed while sliding in oxygen
gas. The reaction between environmental oxygen and the wear track surface can break C-C
bonds leading to increased wear. This would explain the higher ratio of worn surface in for
the wear tracks formed in dry air.
Figure 2.11 shows an AFM topography image of a wear track formed in humid air after
50 sliding cycles, and magnified AFM scans are shown in Figure 2.12. There are several
differences between the wear tracks formed in dry and humid environments. In humid air,
the tracks are deeper and narrower. The localized wear events and surface texture are no
longer present, while the dominant topographic features are ridges and grooves running
parallel to the sliding direction. There are several possible explanations for the observed
differences in humid air. First, as mentioned previously the average mechanical properties
(modulus and hardness) are higher for the tribofilms formed in humid environments [112].
The harder regions in the humid air tribofilms could give rise to a larger abrasive component
to the wear and increased difficulty to shear the film at the interface. In addition, the higher
modulus is related to a more compact tribofilm which increases the mean contact pressure
compared to dry environments where the soft tribofilms significantly expand the contact
area, distributing the load. Finally, the increased reactivity of the environment due to
the presence of water vapor could increase the tribochemical reactions that facilitate wear,
similar to the observations for the effect of oxygen.
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Figure 2.10: Magnified AFM scans of wear tracks produced in dry air after 50 sliding
cycles. (a) Topography and (b) friction for a 5 × 5 µm2 area in the center of the wear track.
Magnified wear track topography is similar to sliding in dry nitrogen, however, the relative
ratio of higher friction adhesive wear events to low friction wear track surface is larger than
in dry nitrogen. This is consistent with the higher friction and increased wear observed
when oxygen is present. (c) Topography and (d) friction for a magnified 1.5 × 1.5 µm2 area.

2.7. Importance of transfer film in achieving low friction for a-C:H:Si:O
Tribometer experiments were also performed on DLN 360 a-C:H:Si:O in each environment. A summary of the friction results is shown in Figure 2.13. In this case substantially
different behavior was observed compared to the NCD Technologies samples. Friction in
humid air was similar to previously discussed measurements. However, the friction in dry
nitrogen was highly unstable, while the friction in dry air was extremely high.
An understanding of the cause of this behavior can be found by observations of the balls
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Figure 2.11: Wear track formed in humid air (40% RH) after 50 sliding cycles. The wear
tracks formed in humid air are significantly different than what was observed in dry environments. The tracks are both deeper and narrower, with different topography inside the
wear track.
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Figure 2.12: Magnified AFM scans of wear tracks produced in humid air after 50 sliding cycles. (a) Topography scan of 5 × 5 µm2 area. (b) 1.5 × 1.5 µm2 topography scan of the same
area. The detailed features on the wear track surface are significantly different in humid
air. The localized wear events and isotropic surface texture are no longer present, instead
the dominant topography is ridges and grooves running parallel to the sliding direction.
post-sliding. Figure 2.14 shows optical microscope images of the contact area on the steel
balls after sliding in humid air and dry air. In the case of humid air, a tribofilm is present,
similar to the case for the NCD Technologies samples shown in Figure 2.5. However, in
dry air no tribofilm is present, and there appears to be wear of the steel (there are small
scratches in the steel running parallel to the sliding direction and large contact area is only
possible for a flattened sphere). There is a ring of transferred material outside of the contact
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Figure 2.13: Coefficient of friction vs. sliding cycles obtained in three different environments,
laboratory air (40% RH), dry air (< 5% RH), and dry nitrogen (< 5% RH) for DLN 360 aC:H:Si:O. Humid air behavior is similar to previous measurements. However, the friction in
dry air rapidly becomes very high. Post sliding imaging of the steel balls revealed no transfer
film buildup. The lowest coefficient of friction was measured in dry nitrogen, however, the
behavior was unstable.
zone, suggesting some material transfer from the film to the ball did occur, but was not
strongly adherent enough to remain in the contact. A similar dependence of the formation
of a tribofilm on the environment was observed by Koshigan et al. [100] on DLN 180 aC:H:Si:O. In that study, sliding in high vacuum resulted in coefficients of friction greater
than 1. It was observed that in these conditions, strong adhesive junctions were formed
between the a-C:H:Si:O and the steel which resulted in wear of the steel, rather than the
formation of a tribofilm.
This relationship between the tribofilm and friction can be clearly established by looking
at the data from sliding in dry nitrogen. As mentioned previously, this resulted in the lowest
friction, but the behavior was unstable. An extreme example of this friction instability is
shown in Figure 2.15. The friction initially is stable at a low value (close to 0.05), but then
rapidly increases. After each spike, the friction begins a new run-in, and returns to a low
value.
To investigate the reason for this behavior a set of experiments was performed where the
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(a)
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Figure 2.14: (a) Optical microscope image of tribofilm formed on the steel ball after sliding
in humid air on DLN 360 a-C:H:Si:O. (b) Steel ball after sliding in dry air. No tribofilm
is present, and there appears to be wear of the steel flattening the end of the ball. There
is a ring of transfered material outside of the contact zone, suggesting material transfer
from the film to the ball did occur, but was not strongly adherent enough to remain in the
contact. This set of conditions results in high friction and wear.
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Figure 2.15: Extreme example of the unstable frictional behavior of DLN 360 a-C:H:Si:O
in dry nitrogen.
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test was stopped in both the low friction and high friction state, as shown in Figure 2.16.
Optical microscope images of the steel balls for each case are shown in Figure 2.17. When
the test was stopped while friction was high, no tribofilm is present in the contact. The
contact area appears similar to the case in dry air. However, when the test was stopped
while friction was low, a tribofilm is found on the ball. The contact area is much smaller
and there is no evidence of wear of the steel. An explanation for the friction instability
observed in dry nitrogen is that the tribofilms are only weakly adherent to the steel. If a
film is present, friction and wear is low, however, the film can be removed from the ball,
causing an increase in friction. A new film can form however, which will cause a return to
low friction behavior.
One question to consider is why the tribofilm formation and adhesion is inhibited in
DLN 360 a-C:H:Si:O compared to the NCD Technologies samples and literature results for
DLN 180 films [17, 100]. The reasons for this behavior are unknown and would require
further study. However, it can be reasonably expected that this is related to the atomic
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Figure 2.16: Coefficient of friction vs. sliding cycles for DLN 360 a-C:H:Si:O in dry nitrogen.
The low friction behavior was highly unstable. In two cases the test was stopped while the
friction was high (solid lines), and in two cases the test was stopped while the friction was
low (dashed lines). Imaging of the balls revealed that transfer films were present for the
test stopped while the friction was low, but not for the tests stopped while the friction was
high.
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(a)
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Figure 2.17: (a) Optical microscope image of steel ball after sliding in dry nitrogen after
the test was stopped when friction was high. Similar to the case for dry air, no tribofilm
is present in the contact. (b) Optical microscope image of steel ball after sliding in dry
nitrogen after the test was stopped when friction was low. In this case a tribofilm is found
on the ball. The contact area is much smaller and there is no evidence of wear of the steel.
An explanation for the friction instability observed in dry nitrogen is that the tribofilms
are only weakly adherent to the steel. If a film is present, friction and wear is low, however,
the film can be removed from the ball, causing an increase in friction. A new film can form
however, which will cause a return to low friction behavior.
composition of the DLN 360 a-C:H:Si:O, which had the highest silicon content and the
lowest ratio of O:Si. For example, Koshigan et al. [100] hypothesizes that for DLN 180
a-C:H:Si:O, tribofilm formation is facilitated by rehybridization from sp3 to sp2 carbon in
the wear track due to the effects of stress and frictional heating. This sp2 surface layer
is easily etched by environmental species such as oxygen leading to material transfer from
the film to the ball. This results in the buildup of a soft, sp2 rich tribofilm that facilitates
easy shear. In the case of the DLN 360 samples, the high silicon content and low O:Si ratio
suggests the highest fraction of C-Si bonding. As will be shown in Chapter 5, C-Si bonding
significantly favors sp3 carbon hybridization and enhances thermal stability by increasing
the mean activation energy for sp3 to sp2 conversion. Then a possible explanation for the
difficulty in tribofilm formation when sliding on DLN 360 a-C:H:Si:O is that the formation
of sp2 rich carbon is inhibited by the high fraction of Si-C bonding.
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2.8. Load dependent tribology of a-C:H:Si:O in humid air
With assistance from Nikolay Garabedian, Ph.D. student at the University of Delaware
in the group of Prof. D. L. Burris, a reciprocating ball on flat tribometer was used to
investigate the load dependence of DLN 360 a-C:H:Si:O in laboratory air (∼ 30% RH). This
tribometer did not have environmental control, but otherwise was similar to the previously
described gas blowing tribometer used for the environmental tribology results, including the
ability to produce multisection wear tracks. For these tests a-C:H:Si:O was slid against 1/4
inch (6.35 mm) diameter 52100 steel ball bearings at a speed of 3 mm/s, and the load was
varied between 84 and 5000 mN. This corresponded to a Hertzian contact pressure between
0.15 and 0.6 GPa.
The coefficient of friction vs. sliding cycles for each load is shown in Figure 2.18. Although noisy, the data show a general trend of coefficient of friction decreasing with load.
For these films, since the total film thickness was 2 µm, the coatings never wore through,
unlike the 40 nm thick NCD Technologies samples shown in Figure 2.4.
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Figure 2.18: Coefficient of friction for DLN 360 a-C:H:Si:O sliding in humid air (25–30%
RH) as a function of load and cycles. The steady state friction coefficient is observed to
decrease with load. These tests were also performed as multisection wear tracks; the spikes
in the data (which are most noticeable at low loads) are artifacts due to the changing track
length.
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From the data in Figure 2.18, the steady state coefficient of friction was defined as the
average coefficient of friction from 200 to 1000 cycles. Figure 2.19 shows a plot of this steady
state coefficient of friction vs. load. The friction coefficient decreases from 0.27 at 84 mN to
0.13 at 5000 mN. The data are very well fit with a power law function: µ ∼ L−0.179 . For
a single asperity contact, the friction force is expected to scale with real area of contact.
Based on Hertz contact mechanics the contact area is given by Equation 2.1a and scales
with load to the 2/3 power. Since the coefficient of friction is defined as the friction force
divided by the normal load, this suggests the coefficient of friction should scale as load to
the −1/3 power. The discrepancy between the exponent in the observed behavior and the
Hertz model predictions is likely due to underestimation of the real area of contact when
using Hertz theory, which does not account for the presence of the tribofilm.
Similar power law scaling of the friction coefficient with load has been observed for
other solid lubricant coatings such as some DLCs and MoS2 [17]. The coefficient of friction
in humid air measured here is higher than what is reported in many prior papers on the
friction of DLN 180 a-C:H:Si:O in humid air, which report friction coefficients less than
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Figure 2.19: Steady state coefficient of friction for DLN 360 a-C:H:Si:O sliding in humid
air (25–30% RH) as a function of load. The data is well fit with a power law. For a single
asperity contact, the coefficient of friction is expected to scale with real area of contact.
Based on Hertz contact mechanics this suggests the coefficient of friction should scale as
load to the −1/3 power. The discrepancy between the observed behavior and Hertz model
predictions is likely due to underestimation of the real area of contact when using Hertz
theory.
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0.1 [16, 91, 99]. However, in those papers, a higher load range was used, resulting in contact
stresses greater than 0.8 GPa. Since the coefficient of friction scales with load, these results
can be consistent with prior literature when extrapolated to a higher load range, which
gives a coefficient of friction equal to 0.1 at a contact pressure of 0.95 GPa. This is still
slightly higher than the previously reported values. However, those measurements were
on a different composition a-C:H:Si:O and at different relative humidity. Similar behavior
is observed by Scharf et al. [17] on DLN 180 a-C:H:Si:O, where the coefficient of friction
showed a power law decrease from 0.22 at a contact pressure of 0.3 GPa to 0.09 at a contact
pressure of 0.6 GPa, although they only considered three different loads.
AFM measurements were performed to quantify the amount of wear and specific details
of the wear track topography. In general, the wear tracks appear similar to previous experiments in humid air and the qualitative features did not depend on load. A representative
example of the wear track topography is shown in Figure 2.20. As before, the maximum
wear occurred at the sides of the wear track in two grooves, with a level central plateau.
This topography was generally observed for all loads and cycles, but was most pronounced
for higher loads after 50–100 cycles.
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Figure 2.20: (a) AFM topography image of wear track formed with a 1000 mN load after
100 cycles. (b) Line profile showing the wear track cross section. Again the maximum wear
depth occurs at the edge of the contact in two narrow grooves, while the central region
forms a level plateau.
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The exact cause of these grooves is unknown, however, we can propose two possibilities.
First, this groove formation could be facilitated by enhanced etching of the film near the edge
of the contact zone, due to increased exposure to environmental gases while experiencing
normal and shear stresses. This would be consistent with the idea that the presence of
reactive species, such as oxygen and water vapor, can facilitate the breaking of C-C bonds
in a-C:H:Si:O [100]. Second, the grooves could be due to mechanical stress. For a Hertzian
contact, the radial stress component becomes tensile outside the contact area, with the
maximum tensile stress occurring at the edge of the contact [109]. If the wear of a-C:H:Si:O
is greater when stressed in tension, this stress state could lead to higher wear at the edge
of the track. Although this tensile region extends around the circumference of the contact,
due to the motion of the ball, the material parallel to the edge of the wear track is exposed
to a greater sliding duration of tensile stress compared to the center of the contact.
From the AFM wear track measurements, it was possible to quantify how the wear track
topography scaled with load and number of cycles. Since the total film thickness was 2 µm
interferometer measurements could also be used to determine wear track topography, and
agreed with AFM results. This was used for determining wear track width at the higher
loads, where the wear tracks did not fit in the maximum AFM scan size (95 × 95 µm2 ).
Figure 2.21 shows the dependence of wear track width on sliding cycles and load. The track
width is determined by contact mechanics (which depends on the mechanical properties
of the tribofilms). Tribofilm formation occurs within the first 10 cycles, after which the
contact width shows only a slight increase with sliding cycles. However, the track width
shows a strong dependence on the load, as would be expected based on contact mechanics.
The dashed line in Figure 2.21b shows the contact diameter predicted by the Hertz model,
given by Equation 2.1a. At low loads the track width agrees well with the Hertz predictions,
while at high loads the model significantly underestimates the contact diameter. This is
expected to occur due to deformation of the soft tribofilm, which expands the contact area.
The fact that the real contact diameter is larger than the Hertz model predictions at high
loads explains the shifted power law scaling of the friction coefficient shown in Figure 2.19.
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Figure 2.21: (a) Wear track width as a function of cycles. The average width is set by the
contact mechanics, which depends on the properties of the transfer film. The transfer film
forms within the first 10 cycles, after which the contact diameter only increases slightly
with sliding cycles. (b) Wear track width as a function of load. The dashed line shows
the predicted contact diameter based on Hertz contact mechanics. At low loads the wear
track width closely follows the Hertz model predictions, while at higher loads the model
underestimates the contact diameter. This is most likely due to the softer tribofilm being
deformed at high loads causing it to spread out and expand the contact area.
An increased real area of contact vs. load will result in a more positive power law exponent,
as is observed.
Figure 2.22 shows the wear track depth as a function of sliding cycles and load. Due
to the unique wear track topography (see Figure 2.20), the median depth is plotted, since
it is more representative of wear track geometry than the mean. As would be expected,
the wear depth scales linearly with the number of sliding cycles. However, the median
depth is observed to be independent of the load. The general explanation for this behavior,
which will be investigated further in Section 2.10, is that with increasing load the wear
volume increases, but this is accommodated by the increase in wear track width, resulting
in constant wear depth.
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Figure 2.22: (a) Wear track median depth as a function of cycles. Due to the presence of the
previously discussed grooves on the sides of the wear tracks, the median depth provides a
more physically meaningful parameter rather than the mean. As expected the depth scales
linearly with the number of cycles. (b) Wear track depth as a function of load. The median
depth is observed to be independent of load.

2.9. Investigating changes in film structure through Raman spectroscopy
One question of interest is whether chemical changes are occurring in both the worn
surface and the tribofilms in addition to the mechanical changes observed. For example,
frictional heating in combination with stress could result in structural transformations such
as the conversion from sp3 to sp2 carbon. Increased sp2 bonding in DLC wear tracks has
been proposed as an important part of the run-in process leading to low friction [53, 56, 57].
NEXAFS measurements on worn ta-C [49] and DLN 180 a-C:H:Si:O [100] have previously
shown an increase in sp2 carbon near the surface.
Raman spectroscopy is a useful tool commonly used to characterize carbon-based materials. A detailed description of the theory of Raman spectroscopy as it applies to DLCs
is given in Chapter 3, where it is used to investigate the thermal degradation pathways in
a-C:H:Si:O. Briefly, the Raman spectra for DLC based films is characterized by a broad
peak between 1300 and 1600 cm−1 , which is typically fit with two Gaussian components
called the D and G bands. This peak is due to vibration modes of sp2 carbon bonds, but
can be related to the sp3 fraction [18, 113]. Increases in the intensity of this peak and
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shifts to lower wavenumbers can suggest an increase in sp2 carbon, while increases in the
photoluminescence (PL) background slope of the spectra indicate a reduction in dangling
bonds due to increased passivation or clustering of the sp2 carbon [18, 76, 113].
Figure 2.23 shows Raman spectra acquired from as-received DLN 360 a-C:H:Si:O compared to the worn surface in the center of wear tracks at different loads after 1000 sliding
cycles. There are only minor changes observed between the spectra acquired inside and outside of the wear tracks. However, Raman is not a surface-sensitive technique, so structural
changes near the surface are only a small part of the total contribution to the spectrum.
These changes are more clearly resolved in the difference spectra shown in Figure 2.23b.
The increase in peak intensity and shift to lower wavenumbers of the peak position indicates
an increase in sp2 carbon, while the increase in the slope of the background suggests an
increase in passivation of dangling bonds or clustering of sp2 carbon.
Raman measurements were also acquired from the tribofilms produced at different loads.
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Figure 2.23: (a) Raman spectra showing as-received film (DLN 360 a-C:H:Si:O) compared
to wear track surfaces formed under different loads. Spectra are generally similar, with
small differences. In order to more clearly see the changes, difference spectra between the
wear track surfaces and the as-received film are shown in (b). In general, an increase in
peak intensity and a shift to lower wavenumbers of the peak position indicate an increase
in sp2 carbon, while an increase in the slope of the background indicates an increase in
passivation of dangling bonds or clustering of sp2 carbon.
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Example spectra are shown in Figure 2.24. These spectra show significant changes from
the as-received film and are no longer characteristic of DLC. It is difficult to characterize
the specific structure of the tribofilms from these spectra, but they indicate that tribofilm
formation is not simply material from the film transferred to the ball, but also involves
significant structural and chemical changes. One possibility is segregation of the SiOx or an
increase in SiOx concentration in the tribofilms. This has been clearly shown by McClimon
et al. [112] based on electron energy loss spectroscopy (EELS) measurements of tribofilms
formed when sliding against NCD Technologies a-C:H:Si:O. In Raman spectroscopy, SiOx
exhibits strong photoluminescence at higher oxygen ratios (x ≥ 1.3) [114], and an order of
magnitude increase in the PL background intensity for a-C:H:Si:O films with varying silicon
content has been attributed to segregation of the SiOx phase [94].

2.10. Modeling wear of a-C:H:Si:O as a function of the energy dissipated by friction
When discussing wear, a parameter of interest is frequently a materials wear rate (W ),
which is defined as the volume of material removed per unit of sliding distance: W = V /s.

Figure 2.24: Raman spectra acquired from tribofilms formed on steel balls after sliding DLN
360 a-C:H:Si:O in humid air at different loads compared to the as-received film. There is
a massive increase in intensity under the same acquisition conditions, and no evidence of
the peaks associated with DLC. It is not possible to derive bonding composition from these
spectra, but the Raman data clearly indicates that substantial chemical changes occur to
the a-C:H:Si:O that is worn away and incorporated into the tribofilm.
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From this definition, a simple model of wear was proposed by Archard [115] based on the
assumption of hemispherical wear particles with volume, V ∼ 2πa3 /3. Where a is the
contact radius for a single asperity. From this, after summing over all asperities in contact
one obtains:
W =

V
Ar
=κ
s
3

where Ar is the total real area of contact and κ is a proportionality constant describing
the probability that a given contact point results in wear. For a material with hardness H
undergoing primarily plastic deformation Ar = L/H, which then gives:

V = Ks

L
H

where V is the wear volume (m3 ), s is the sliding distance (m), L is the load (N), H is
the hardness (Pa), and K is a proportionality constant called the wear coefficient. This
has become known as the Archard wear equation [102, 110]. Frequently however, since the
hardness can be difficult to determine accurately (especially for thin films) a modified wear
equation is used with the form:
V = ksL

(2.2)

where k is a dimensional wear coefficient [102, 110]. Here k is typically expressed in units
of mm3 /Nm, and V is in mm3 . In the literature this wear coefficient is used to describe and
quantify a material’s wear resistance. Generally, a material would be considered to have
very good wear resistance if the dimensional wear coefficient is about 10−7 or lower [10, 110].
For example, review articles frequently describe the wear resistance of DLC with different
compositions or in different environments in terms of the dimensional wear coefficient k [10].
It has been noted, however, that Archard’s wear equation is purely empirical and wear
coefficients computed from it may not be transferable to different sliding conditions [102].
For example, the wear rate of DLC is known to be correlated with the friction, and thus
strongly depends on the environment [10].
From the wear measurements discussed in Section 2.8 the wear coefficient of DLN 360
58

a-C:H:Si:O in humid air was computed. When computing the wear coefficient from Equation 2.2 it is convenient to note that the sliding distance is equal to the track length (ℓ)
times the number of sliding cycles, s = N ℓ, while wear volume is equal to the cross-sectional
area times the number of sliding cycles as well, V = Aℓ. Therefore Equation 2.2 can be
rewritten as:
A = kN L
which is easier to apply in the case of a multisection wear track. Figure 2.25 shows a plot
of wear track cross sectional area vs. load × number of cycles, where the wear coefficient is
given by the slope. Archard’s wear model predicts the data should collapse to a single line.
However, it is clearly observed that the wear coefficient decreases with increasing load.
In general this suggests that the wear coefficient is a poor method by which to quantify
the wear resistance of a-C:H:Si:O, since the value is only meaningful in the context of a
specific set of experimental conditions. For example, in a review of wear performance of
DLC coatings by Ronkainen and Holmberg [10], the reported wear coefficients from different
studies are all acquired at different loads, making comparison between the different DLC
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Figure 2.25: Wear track cross sectional area vs. load × number of cycles. Archard’s wear
equation predicts that the cross section area should be a linear function of load × number
of cycles, where the slope is the dimensional wear coefficient. This model predicts the data
should collapse on a single line. However, it is observed instead that the wear coefficient is
inversely proportional to the load.
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compositions or sliding environments questionable.
It would be better to quantify wear in a more physically meaningful manner. One possibility, motivated by the fact that wear in DLC is generally correlated with the coefficient
of friction [10], would be to model wear as proportional to the work done by the friction
force [116, 117]:
Z

ℓt

F (ℓ) dℓ

V =k

(2.3)

0

where F (ℓ) is the friction force as a function of sliding length. This approach has the
advantage of taking into account the changing friction force that occurs due to run-in and
tribofilm formation [116, 117]. Previously this method has been applied to ta-C coatings,
where the wear was shown to be the result of tribochemical reactions [118]. From this, the
energy wear coefficient was found as a function of temperature and used to compute an
activation energy for tribochemical wear [118]. Wear volume vs. frictional energy is plotted
in Figure 2.26. As can be seen, such an approach reasonably collapses the data onto a single
line, although some variation still exists.
Additionally, it is interesting to note that in some cases this approach appears to work
for environmentally-dependent friction and wear as well. Figure 2.27a shows wear volume
vs. energy dissipated by friction for the NCD Technologies a-C:H:Si:O wear data from Sec-
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Figure 2.26: Wear volume vs. energy dissipated by friction. Modeling wear as proportional
to the energy dissipated by friction reasonably collapses the wear volume data onto a single
curve, although some variation still remains.
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tion 2.5. As can be seen, although the wear rate in each environment (shown in Figure 2.6c)
is different, when plotted as a function of work done by friction, the data collapse to a single
trend. However, for the DLN 360 a-C:H:Si:O samples from Section 2.7 (Figure 2.27b), it
is clear that a single trend is not observed. A reasonable explanation for this difference
exists. In the case of the NCD Technologies a-C:H:Si:O, in all environments the tribological
behavior was controlled by adhesive transfer from the film to the steel, resulting in the
formation of a tribofilm. Steady-state sliding then took place at the a-C:H:Si:O / tribofilm
interface. However, for DLN 360 a-C:H:Si:O well adhered tribofilms did not form in dry
environments. When a tribofilm did not form, sliding took place at the a-C:H:Si:O / steel
interface, resulting in much higher friction and wear, including wear of the steel. This
difference in the tribological interface (a-C:H:Si:O / tribofilm vs. a-C:H:Si:O / steel) could
substantially change the energetics of the wear process.
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Figure 2.27: Wear volume vs. energy dissipated by friction for NCD Technologies a-C:H:Si:O
(a) and DLN 360 a-C:H:Si:O (b) in different environments.
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2.11. Conclusions
The tribology of a-C:H:Si:O was investigated through ball on flat reciprocating motion
tribometer experiments over a range of loads and environments. The use of multisection
wear tracks allowed the progression of wear to be monitored in addition the coefficient of
friction. NCD Technologies a-C:H:Si:O displayed similar environmental trends to a-C:H,
however, the increase in friction coefficient with humidity (0.03–0.05 in dry environments
vs. 0.13 in humid air) was more moderate. This behavior is consistent with prior literature
on DLN 180 a-C:H:Si:O which also shows a lower coefficient of friction in dry environments (0.02–0.05) compared to humid air (0.22) [17]. Analysis of wear track topography
through AFM clearly shows wear is progressing through dominantly adhesive interactions
(formation and breaking of adhesive junctions in the film). Wear increases in more reactive
environments, such as dry air compared to dry nitrogen, consistent with the idea of reactive environmental species etching carbon bonds in the film. In AFM measurements this is
evident due to an increase of adhesive wear events present in the topography images.
The run-in process for a-C:H:Si:O consists of surface modification (possibly due to sp3
to sp2 conversion) and tribofilm formation. These run-in processes, which are critical to
achieving low steady state friction and wear, depend on film composition and structure.
In the case of the high silicon DLN 360 a-C:H:Si:O stable tribofilm formation was difficult
in dry environments, preventing the typical low friction behavior. Further work is needed
to determine the precise mechanisms behind the inhibited tribofilm formation for DLN
360 films, however, one possible hypothesis is that the increased Si-C bonding limited the
formation of sp2 carbon during sliding.
Friction vs. load measurements on DLN 360 a-C:H:Si:O in humid air showed nonAmontonian behavior (the coefficient of friction had a power law dependence on load).
The friction coefficient decreases from 0.27 at a load of 84 mN to 0.13 at 5000 mN. This is
expected based on contact mechanics for single asperity contacts, which suggests the coefficient of friction should scale as L−1/3 due to the dependence of real area of contact on load.
In the case of a-C:H:Si:O, the extremely smooth surfaces and soft tribofilms result in such
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scaling remaining true even for macroscale contacts. However, due to the growth of the contact area caused by tribofilm deformation, the measured scaling exponent is −0.179 instead
of −1/3. The power law decrease of friction coefficient with load explains the higher friction coefficients measured here in humid air compared to previous literature, which reported
values between 0.04 and 0.08 from experiments performed at higher loads [16, 91, 99].
Wear rates for a-C:H:Si:O were considered in the context of Archard’s wear equation,
which predicts that the worn volume should be proportional to the sliding distance times
the load. The constant of proportionality is known as the wear coefficient, and is frequently
used in the literature to report on and compare materials wear resistance. However, this
model does not adequately describe the wear data on a-C:H:Si:O since the wear coefficient
measured for DLN 360 films depends strongly on the load. A better approach, motivated by
the correlation between friction and wear, is to consider the wear as a function of the work
done by the friction force, which gives an approximately linear fit to the data. This same
approach works for the NCD Technologies a-C:H:Si:O environmentally dependent friction
as well, but not for the DLN 360 samples, likely due to the different energetics of the friction
and wear process when sliding on bare steel.
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CHAPTER 3: Experimental investigation into the thermal stability of a-C:H:Si:O
As discussed in Section 1.5, the low thermal stability of a-C:H is a significant limitation for many technological applications. The thermal degradation is a combination of
multiple processes including the direct conversion of sp3 to sp2 carbon, dehydrogenation,
and oxidation (in aerobic conditions) [10]. A number of different experimental techniques
can be used to probe the bonding and structure in carbon based materials, including Raman spectroscopy, X-ray photoelectron spectroscopy (XPS), near edge X-ray absorption
fine structure (NEXAFS) spectroscopy, IR spectroscopy, and nuclear magnetic resonance
(NMR) spectroscopy [18, 76, 119, 120]. Different techniques probe different aspects of
the structure and bonding; therefore in order to understand the thermal degradation of
a-C:H:Si:O in comparison to a-C:H it is necessary to make use of a variety of experimental
techniques. For this work Raman spectroscopy, which is a common technique used to probe
carbon bonding in DLCs, was used to investigate bulk changes in structure for annealed aC:H:Si:O in comparison to a-C:H. Complimentary to this work, Mangolini et al. [119] [121]
used highly surface sensitive XPS and NEXAFS spectroscopy to perform quantitative measurements of the atomic composition and sp3 fraction. Finally, heated AFM probes, which
allow for rapid heating of a nanoscale contact area were used to demonstrate the significant
difference in thermal stability between a-C:H and a-C:H:Si:O even for short and localized
heating.

3.1. Raman spectra of carbon
Raman scattering, which is the inelastic scattering of photons by fundamental vibrational excitations in molecules and solids, is a standard non-destructive technique for the
characterization of carbon-based materials due to its sensitivity to probe sp2 and sp3 bonding of the carbon atoms [18]. In Raman spectroscopy, a laser is focused on the sample
surface. The majority of the light is elastically scattered, with no shift in energy. This
is called Rayleigh scattering [122]. A small fraction of the light, however, is inelastically
scattered with an energy shift related to vibrational excitations in the sample, giving rise
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to the Raman spectrum. The peaks due to scattered photons which have lost energy are
referred to as Stokes peaks, while peaks due to scattered photons which have gained energy
are referred to as anti-Stokes peaks [83, 122].
Visible Raman spectra (excitation with visible light) for DLC are dominated by two
broad bands called the G-peak and the D-peak appearing at about 1550 cm−1 and 1360 cm−1
respectively [18, 113, 122]. The names D and G originally stood for diamond and graphite,
however, the Raman cross-section of the sp2 phase is much higher (50–250 times) than that
of the sp3 phase and in actuality both peaks are due to sp2 carbon [18, 122]. The G peak
represents in-plane displacements of the C-C sp2 -bonds, while the D peak represents the
breathing mode of six-member sp2 carbon rings [18, 113, 122, 123]. In monocrystalline
graphite only the G peak is present, and the vibrations giving rise to the D peak are
forbidden. The D peak vibrations require disorder, such as the presence of grain boundaries
in graphite [113, 122, 124]. From this the name G is often said to stand for “graphite”, and
D for “disorder” [18, 122]. However, it is important to remember that while the D mode
vibrations are only due to sp2 carbon in six-member rings (with signal observed only if there
are defects in the structures), the G mode vibrations arise from any form of sp2 bonding,
not just graphite [18, 113]. Figure 3.1 shows characteristic Raman spectra for several forms
of carbon.
For DLC, the D and G peaks are very broad and produce a single convoluted peak. The
shape of this peak depends on a number of factors including the clustering of the sp2 carbon,
the bond disorder, the presence of sp2 rings or chains, and the sp2 /sp3 ratio [113, 124, 125].
In order to interpret the Raman spectra for DLC, the single peak is generally fit with
two components, corresponding to the D and G peaks. Often the spectra is fit with two
Gaussian peaks, however a common alternative is Breit-Wigner-Fano (BWF) function for
the G peak and a Lorentzian for the D peak [113, 124, 125]. Most commonly, the spectra
are interpreted in terms of two parameters derived from these fits: the position of the G
peak maximum, and the ratio of the intensity of the D peak to the G peak (I(D)/I(G)).
For the intensity ratio, some authors use the ratio of peak areas, while others use the ratio
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Figure 3.1: Comparison of typical Raman spectra for several forms of carbon. The spectra
are dominated by the G and D peaks, at about 1550 cm−1 and 1360 cm−1 . The G peak represents the stretching vibration of all sp2 -bonds, while the D peak represents the breathing
mode of sp2 carbon rings [18, 113] In monocrystalline graphite only the G peak is present,
and the breathing mode vibrations are not active. In microcrystalline-graphite the D peak
breathing mode vibrations become active due to the presence of grain boundaries. In amorphous carbon a single peak is seen, which is a convolution of the G and D peaks. As can
be seen from the comparison of Raman spectra for a-C, a-C:H, and ta-C, the shape of this
peak is dependent on the sp2 /sp3 ratio, hydrogen content, and clustering of the sp2 phase.
Figure reproduced from Ref [18].
of peak heights [7].
Based on experimental observations, Ferrari and Robertson [113] proposed a model describing the change in G peak position and I(D)/I(G) ratio as a function of ordering and
sp3 fraction. A schematic of this model is shown in Figure 3.2. There are two trajectories
shown, referred to as the amorphization and the ordering trajectory. The amorphization
trajectory is relevant for as-deposited films where deposition processes such as ion implantation lead to increases in the sp3 fraction, while the ordering trajectory is relevant for changes
in film structure with annealing. For crystalline graphite, there is no D peak, so I(D)/I(G)
is 0. For nanocrystalline graphite, the presence of disorder due to grain boundaries gives

66

Figure 3.2: Schematic illustrating the change in G peak position and I(D)/I(G) ratio as
a function of ordering and sp3 fraction from Ferrari and Robertson [113]. For crystalline
graphite there is no D peak, so I(D)/I(G) is 0. For nanocrystalline graphite the presence of
disorder due to grain boundaries gives rise to the D peak, and the G peak shifts to higher
wavenumbers. As the sp3 fraction increases there is a decrease in the I(D)/I(G) ratio, while
the G peak position initially declines and then increases. This progression, referred to as
the amorphitization trajectory is true for as-deposited films. When annealed DLC films will
progressively order, and the sp3 fraction will decrease. This is referred to as the ordering
trajectory, and does not follow the same path. For ordering, both the I(D)/I(G) ratio and
the G peak position increase with the sp2 fraction. Figure reproduced from Ref [125].
rise to the D peak, and the G peak shifts to higher wavenumbers. For the amorphization
trajectory, as the sp3 fraction increases there is a decrease in the I(D)/I(G) ratio, while the
G peak position initially declines and then increases. For ordering, both the I(D)/I(G) ratio
and the G peak position increase with the sp2 fraction. The numbers in Figure 3.2 are only
meant to illustrate qualitative changes in the Raman spectra. The specific values of the G
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peak position and the I(D)/I(G) ratio depend on the DLC film being studied and the laser
wavelength used in the Raman system.
Often a photoluminescence (PL) background is also observed in the Raman spectra [76,
94]. Frequently, the PL spectrum is quantified in terms of the ratio of the slope of the PL
background under the D and G peaks (S) to the intensity of the G peak (I(G)). For the case
of a-C:H, the PL background increases in intensity with increasing passivation of dangling
bonds by C-H bonds and clustering of the sp2 carbon [76]. In the case of a-C:H:Si:O,
however, there is another possible contribution to the PL background due to SiOx , which
exhibits strong photoluminescence at higher oxygen ratios (x ≥ 1.3) [94, 114]. Thus an
increase in the PL background for a-C:H:Si:O could also be due to increasing oxidation or
segregation of the SiOx phase.
The intensity of the Raman spectra should have units of photons s−1 cm−2 [126], but
in practice, since the measured intensity is strongly dependent on the spectrometer and
the operating conditions it is not comparable between different experiments and is simply
reported in arbitrary units. However, for spectra acquired in the same experimental setup
relative intensity is meaningful and can convey some useful information. For example, since
the Raman spectra are due to vibrations of sp2 carbon, a large increase in peak intensity could indicate a higher fraction of sp2 bonded carbon, provided the same acquisition
conditions were used.
In the present work, Raman spectra were acquired using a NTEGRA Spectra confocal
Raman (NT-MDT, Zelenograd, Moscow, Russia) using a 532 nm laser source. The maximum laser power was kept under 300 µW to avoid sample damage, which was confirmed
by observing no change in the spectra over time while exposed to the laser. Prior to measurement, the calibration of the Raman system was checked by collecting reference spectra
from highly ordered pyrolytic graphite (HOPG) and Si samples. When relevant for comparing intensity the acquisition time, laser power, and focus were kept constant to produce
comparable results. Spectra were acquired from a minimum of five points on the sample
surface and showed lateral uniformity; representative spectra are shown in the figures.
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3.2. Raman spectroscopic analysis of annealed a-C:H and a-C:H:Si:O
Samples of HGST a-C:H and DLN 180 a-C:H:Si:O were annealed up to 350 ◦C in aerobic
conditions (ambient laboratory air) for 1 hour using a hotplate. Raman spectroscopic
measurements were performed on the as received and annealed samples to characterize
bulk changes in carbon bonding. Raman spectra acquired from annealed a-C:H and aC:H:Si:O samples are shown in Figure 3.3. The spectra were fit using a quadratic baseline
and two Gaussian peaks corresponding to the D and G bands. Table 3.1 gives the values
of the G peak positions and intensity ratios (I(D)/I(G)) from the fits.
The a-C:H spectra in 3.3a show a shift of the G peak to higher wavenumbers and a
significant increase in the I(D)/I(G) ratio occurring when the films were annealed to 300 ◦C.
In comparison, for a-C:H:Si:O, the Raman spectrum remains relatively unchanged between
the as received sample and the sample annealed at 300 ◦C. There is a slight shift in the
position of the G peak and an increase in the I(D)/I(G) ratio. When annealed at 350 ◦C,
more noticeable changes begin to appear in the Raman spectrum, with a continuing shift
in the G peak and a larger increase in the I(D)/I(G) ratio as seen in Table 3.1, however,
still not to the extent as in the case of a-C:H at 300 ◦C.
The changes in the Raman spectra indicate that a-C:H:Si:O is stable between 300 ◦C
and 350 ◦C, and is beginning to show signs of thermal degradation at 350 ◦C, while a-C:H
has already begun to significantly thermally degrade when annealed to 300 ◦C, with film
volatilization occurring at 350 ◦C. As discussed in Section 3.1 an increase in the G peak
position and the I(D)/I(G) ratio has been associated with a decrease in sp3 content, however
Table 3.1: G peak position and intensity ratios (I(D)/I(G)) for Raman spectra acquired
from annealed a-C:H and a-C:H:Si:O.
Temperature

RT
300 ◦C
350 ◦C

a-C:H

a-C:H:Si:O

Pos(G) (cm-1 )

I(D)/I(G)

Pos(G) (cm-1 )

I(D)/I(G)

1540
1560
-

0.92
3.09
-

1524
1536
1550

1.30
1.75
2.73
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Figure 3.3: Raman spectra for a-C:H (a), and a-C:H:Si:O (b), showing variation of the D
and G peaks with temperature. For a-C:H at 300 ◦C there is a substantial increase in the
intensity of the D peak and a shift of the G peak to higher wavenumbers. At 350 ◦C there is
complete film removal as indicated by the lack of a characteristic DLC peak in the Raman
spectra. For a-C:H:Si:O in (b) the intensity of the D peak is increasing as well, but shows
significantly less change than for a-C:H. The G peak shifts similarly to a-C:H, but occurs
at higher temperatures. After annealing to 350 ◦C film volatilization has not occurred for
a-C:H:Si:O, in contrast to a-C:H. Shifts in the G peak position and I(D)/I(G) ratio indicate
changes to the structure of a-C:H/a-C:H:Si:O [18, 113, 125].
it does not unambiguously define a change in the sp2 /sp3 ratio, since other factors, such as an
increase in the clustering of the sp2 phase could also account for such as change [18, 113, 125].
Thus, the Raman spectra provide qualitative evidence for a potential conversion of sp3 to
sp2 -bonding and clustering of sp2 carbon as mechanisms for the thermal degradation of aC:H:Si:O beginning to occur between 300 and 350 ◦C, while significant thermal degradation
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of a-C:H begins a temperatures below 300 ◦C and complete film volatilization occurs between
300 and 350 ◦C.
It is not possible to accurately quantify the sp3 fraction from Raman spectra at a single
wavelength [113, 124]. However, empirical relations between Raman spectra and the sp3
carbon fraction have been obtained based on spectra acquired at multiple wavelengths. For
a-C:H with 25–50% hydrogen, Cui et al. [127] reported a linear relationship between the
sp3 fraction and the dispersion rate of the G peak (Disp(G)) given by:

sp3 fraction = 2.5 · Disp(G) − 0.07

(3.1)

where Disp(G) is defined as:

Disp(G) =

Pos(G)2 − Pos(G)1
[cm-1 / nm]
λ2 − λ1

Here Pos(G)1 and Pos(G)2 are the positions of the G peak at wavelengths λ1 and λ2 .
Although Disp(G) is claimed to be constant, and thus can be computed from any two
wavelengths [127], due to experimental noise and errors in fitting the G peak position, it
is more accurate to use a range of wavelengths and compute Disp(G) from a linear fit of
Pos(G) vs. λ. Equation 3.1 is purely empirical, but based on experimental measurements
it had an accuracy of ±0.06 for a wide range of a-C:H samples [127].
Samples of DLN 360 a-C:H:Si:O were annealed at 250 ◦C and 330 ◦C for 1 hour in
laboratory air using hotplates. After annealing Dr. Komlavi Medard Koshigan assisted
with access to a multiwavelength Raman spectrometer in the Laboratoire Hubert Curien in
Saint Etienne, France. This system was used to acquire spectra at four different wavelengths,
325 nm, 442 nm, 488 nm, and 633 nm. Representative spectra are shown in Figure 3.4.
To compute the sp3 fraction based on Equation 3.1 the position of the G peak at each
wavelength was determined by fitting the spectra with two Gaussian peaks and a linear
background. Then the G peak dispersion (Disp(G)) was computed from a linear fit of the
G peak position vs. wavelength.

71

300

325 nm

20°C
250°C
330°C

Intensity (a.u.)

Intensity (a.u.)

300

200

100

20°C
250°C
330°C

200

100

0

0
500

1000

1500
-1

2000

500

Raman Shift (cm )
25

488 nm

20°C
250°C
330°C

1000

1500
-1

2000

Raman Shift (cm )

Intensity (x10 a.u.)

1000

3

Intensity (a.u.)

1500

442 nm

500

0

20

20°C
250°C
330°C

633 nm

15
10
5
0

500

1000

1500
-1

2000

Raman Shift (cm )

500

1000

1500
-1

2000

Raman Shift (cm )

Figure 3.4: Multiwavelength Raman spectra from annealed DLN 360 a-C:H:Si:O acquired
at four different wavelengths as indicated in the figure. The position of the G peak was
determined by fitting the spectra with two Gaussian peaks and a linear background. The
peak position was used to compute the sp3 fraction based on Cui et al. [127].
Figure 3.5 shows the computed sp3 fraction vs. temperature determined from multiwavelength Raman. As can be seen, the as-received film is computed to have a high sp3 fraction
(65% sp3 carbon), with minimal change when annealed to 250 ◦C. At 330 ◦C there is a larger
decrease in sp3 fraction, however, the film remains primarily sp3 bonded. It is important
to remember that there is a good deal of uncertainty in these values. First, Equation 3.1
is an empirical relationship derived for a-C:H with varying hydrogen content. Although
the a-C:H:Si:O investigated is primarily a-C:H, it is not clear what effect the inclusion of
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Si and O has on the sp3 vs. Disp(G) relationship. Second, as mentioned Section 3.1, the
Raman spectra is dominated by contributions from sp2 carbon. For the highly sp3 bonded
DLN 360 a-C:H:Si:O, the overall intensity of the D and G peaks is reduced relative to the
background, and the spectra were hard to accurately fit with two peaks.

3.3. Review of XPS and NEXAFS experiments
Due to the multiple contributions to the location and intensity of the D and G peak in
the Raman spectra it is difficult to extract quantitative results. In addition, no information
can be gained about the silicon and oxygen bonding. To develop a quantitative understanding of how the structure of a-C:H:Si:O changes with annealing, X-ray photoelectron
spectroscopy (XPS) and near edge X-ray absorption fine structure (NEXAFS) spectroscopy
was performed by Mangolini et al. [119] on HGST a-C:H and DLN 180 a-C:H:Si:O [121].
Although this work is not part of this thesis, it will be discussed in some detail as it provides the basis for comparisons between experimental observations and the MD simulations
presented in Chapter 5. The XPS spectroscopy was performed using a custom-built XPS
system in the Carpick Research Group at the University of Pennsylvania; the details of
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Figure 3.5: sp3 fraction vs. temperature for annealed DLN 360 a-C:H:Si:O determined from
multiwavelength Raman.
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this system and operation are provided elsewhere [119, 128]. Heating experiments were
performed in the XPS chamber in ultra-high vacuum conditions. The a-C:H:Si:O samples
were annealed in steps of 50 ◦C from 150 ◦C to 500 ◦C for 1 hour, after which XPS spectra
were acquired. XPS is able to provide a quantitative determination of the C, O, and Si
concentration and the bonding configuration of these elements in the near surface region.
The concentration of H cannot be determined by XPS.
Upon annealing at temperatures over 200 ◦C a slight decrease in carbon concentration
and an increase in the oxygen concentration was observed, which was attributed to reactions
with adsorbed water and residual oxygen in the vacuum chamber. The high resolution
spectra of the C1s peak (Figure 3.6) showed a progressive decrease in the peaks assigned to
carbon bound to oxygen. It was hypothesized that carbon-oxygen bonds in the unheated
sample were due to a contamination layer from air exposure, suggesting a desorption of
the contamination layer with annealing. The low percentage of carbon-oxygen bonds in
the MD simulations (< 2%) discussed in Section 4.4 support this assumption. At higher
temperatures two additional components were observed in the C1s spectra, which were
assigned to π-π ∗ shake-up satellites for ordered sp2 carbon. This indicates clustering and
ordering of the sp2 carbon when a-C:H:Si:O is annealed over 200 ◦C. Figure 3.6 also shows
the fitting of the Si2p spectra with annealing. The fraction of silicon in higher oxidations
states was observed to increase with annealing temperature [121].
One important structural characterization for amorphous carbon films is the fraction
of sp2 and sp3 bonding. This cannot be accurately quantified from the XPS C1s spectra,
however, NEXAFS spectra of the carbon K-edge allow the relative fraction of sp2 carbon
to be calculated from the intensity of the peak due to the C1s→ π ∗ transition [121]. The
fraction of sp2 carbon calculated from the NEXAFS spectra is shown in Figure 3.7. The sp2
carbon fraction is observed to increase with annealing. Based on the sp3 fraction computed
from NEXAFS measurements an activation energy for thermally induced rehybridization
was computed based on a model assuming rehybridization from sp3 to sp2 could be treated
as a first order reaction with a Gaussian distribution of energy barriers [67, 119, 121]. The
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Figure 3.6: High resolution XPS spectra of a-C:H:Si:O showing the C1s spectrum (left) and
the Si2p spectrum (right) as a function of annealing temperature. The peaks assigned to
carbon bound to oxygen are due to the contamination layer, which desorbs after annealing.
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Figure 3.7: Fraction of sp2 carbon as a function of annealing temperature calculated from
NEXAFS spectra. The data was fit to determine the distribution of activation energies for
the conversion of sp3 to sp2 carbon (see insert) [67, 121]

75

details of this model are provided later in Section 5.7. This results in an activation energy
of 3.0 ± 1.1 eV for thermally induced rehybridization in a-C:H:Si:O [121]. Following the
same methodology, Mangolini et al. [119] computed an activation energy of 2.6 ± 1.2 eV
for a-C:H, showing that the addition of Si and O increases the mean activation energy for
rehybridization.

3.4. Nanoscale heating with thermal AFM probes
One important difference between the annealing experiments and HAMR applications
is that the HAMR heating is over a short timescale and highly localized. One approach
that allows an approximation of the HAMR conditions is the use of heated AFM cantilever.
AFM cantilevers can be produced with integrated resistive heaters made from doped silicon,
which allows the cantilevers to reach temperatures over 500 ◦C. The temperature of the
heater is controlled by varying the applied voltage. An image of a typical heated AFM
cantilever is shown in Figure 3.8. These cantilevers can be used to rapidly heat a sample
with nanometer lateral resolution. Such cantilevers are produced commercially and were
purchased from Anasys Instruments (nano-TA, Anasys Instruments, Santa Barbara, CA,
USA). In a typical AFM set-up, the probe tip velocity would be on the order of 1–100 µm/s,

Figure 3.8: SEM Image of a typical heated AFM cantilever. Current flows through the low
resistance cantilever legs and the high resistance tip, resulting in heat generation at the
end of the cantilever. The image on the right shows a zoomed view of the sharp probe tip.
(Images from Anasys)
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and the contact area diameter, estimated from contact mechanics models, would be on the
order of 10–100 nm. Therefore, the heating time for any individual spot on the sample
surface would be on the order of a tenth of a second to milliseconds.
Since the heater temperature cannot be directly measured in the AFM, precise calibration is necessary before use. The resistance of the doped silicon cantilever is known to be
a function of temperature [129]. In general, the cantilever resistance will initially increase
with temperature due to decreasing carrier mobility caused by increased electron-phonon
scattering. This increase in resistance with temperature is well fit by a quadratic. The
resistance will the reach a peak, generally between 450 ◦C and 650 ◦C, after which the resistance decreases with increasing temperature. This is a result of the thermal excitation of
electrons into the silicon conduction band [129–131]. In a typical AFM set-up, a controller
varies the applied heating voltage while measuring the cantilever resistance. If the relationship between resistance and temperature is known, then the temperature can be accurately
controlled.
There are several methods reviewed in the literature to determine the cantilevers resistance as a function of temperature [129, 131, 132]. The most accurate calibration technique
is using Raman spectroscopy to determine the probe temperature based on shifts in the
location and width of the Stokes peak. The peak location as a function of temperature is
given by Beechem et al. [131] as:

ω = −A(Tω − T0 ) + ω0

where ω is the peak position at temperature Tω and ω0 is the peak position at reference
temperature T0 . A is a calibration constant given as 0.022 cm−1 /K. Although the peak
position is easy to determine, error in this calibration is introduced if the material is stressed,
since the peak position is also linearly dependent on stress [131]. The peak width is related
to temperature through a quadratic relationship and is independent of stress, provided the
stress in the probed volume is uniform [131]. This would make peak width the preferable
method for determining temperature, however, in practice accurate fitting of the peak width
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is difficult and requires long acquisition times. A review of calibration techniques by Nelson
and King [129] found that for heated AFM cantilevers, the error in determining the peak
width was greater than the error introduced by the effect of stress when using the peak
location.
In a second method, known as the melting standard calibration, the probe is heated
until it is observed to melt a polymer with a known melting temperature. This is repeated
for three different polymers and the resulting data is fit with a quadratic. Melting standard
calibration is less time consuming, but suffers from inaccuracies due to the reduction in
melting temperature resulting from confinement effects [129]. For this work, Raman calibration based on the shift in the position of the Stokes peak was used to check the results
of the melting standard calibration. A typical calibration curve for the cantilevers used is
shown in Figure 3.9. Since there was no significant difference observed between the calibration methodologies, only the melting standard calibration was used for additional probes
due to the decreased time required.
Once the cantilever is calibrated, the temperature of the heater can be controlled. How-
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Figure 3.9: Resistance vs. temperature for a typical heated AFM cantilever. The polymer
calibration curve is determined by measuring the melting point of three different polymer
samples with the heated probe. Raman calibration data points are based on the shift in
the Stokes peak position with temperature.
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ever, it is the temperature at the interface between the tip and the substrate that is of
interest, which is generally not the same as the heater temperature. This temperature cannot be calibrated or directly measured. Therefore, heat transfer models must be used to
calculate the interface temperature. Heat transfer from the cantilever to the substrate is
primarily due to conduction through the air from the cantilever legs, conduction through the
solid-solid contact at the probe tip, and conduction through the liquid meniscus that may
be present [132] This heat transfer was modeled using a thermal circuit analysis developed
by Nelson and King [133] and shown in Figure 3.10. For a typical heated AFM cantilever,
the thermal resistance of the air gap is orders of magnitude smaller than the thermal resistance through the tip. Therefore, the majority of the heat is transferred to the substrate
through the air. However, due to the nanometer sized contact area, the heat flux at the tip
sample interface is large, resulting in the interface temperature rise (θInterface ) being much
higher than the temperature rise due to air conduction (θSurface ). At the interface, the
heat transfer is due to conduction through the solid contact and the liquid meniscus. The
solid-solid contact generally has higher thermal conductance than the liquid film, resulting
in the dominant heat transfer being through the solid [132].

Heat Generation
θHeater
RTip

RGap
θSurface
RSub,2
θ=0

Thin Film

RContact
θInterface
RSub
θ=0

Substrate
Figure 3.10: Thermal circuit model used by Nelson and King to calculate the interface
temperature rise resulting from a heated AFM probe [133].
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Based on this model, the interface temperature rise can be calculated if the thermal
resistances RTip , RContact , and RSub are known. These can be computed from the thermal
conductances of the tip and substrate, the cantilever/tip geometry, and the applied load.
A detailed description of these calculations is provided by Nelson and King [133]. Briefly,
the result of this analytic model is that the non-dimensional interface temperature rise
∗
(θInterface
), defined as,
∗
θInterface
=

TInterface − T0
θInterface
=
θH
THeater − T0

is a function of six dimensionless parameters, as shown in equation 3.2,
∗
θInterface


=f

ksub Rb ktip,d kgap D a L
,
,
, , ,
ktip,d
d
ktip,d d d d


(3.2)

where ksub is the substrate thermal conductivity (W/mK), ktip,d is the thermal conductivity
at the end of the conical tip (W/mK), Rb is the thermal contact impedance (m2 K/W), d
is the cross sectional diameter at the end of the cone (m), kgap is the thermal conductivity
of the ambient environment (W/mK), D is the tip base diameter (m), a is the contact
diameter (m), and L is the tip height (m).
From the variables in equation 3.2, d, D, and L are based on the cantilever geometry. Rb ,
the contact impedance, is based on literature values. It is difficult to estimate accurately,
but tends to fall between 10−7 and 10−9 m2 K/W, and does not vary greatly depending on
contacting materials [133]. The contact diameter (a) can be found from contact mechanics.
In this case the Hertz contact mechanics model was used to compute the contact diameter
and maximum stress in the contact [102, 109].
In the model developed by Nelson and King [133], the calculation of the contact diameter
a assumes the tip geometry is a truncated cone with a hemispherical cap (i.e. it is assumed
that the tip diameter of curvature dsphere is always equal to d, the cross sectional diameter
at the end of the cone). This is a reasonable approximation for sharp tips, however, gives
unrealistic geometry for blunt tips. As an AFM tip wears, the geometry should approach
that of a flat punch (i.e. as a tip wears, dsphere → ∞, but the cross sectional diameter of
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the cone is finite); this is not true for the assumed tip geometry, which makes the model
unsuitable for blunt probes. Here the model was expanded to allow for blunt probes by
relaxing these geometric assumptions (dsphere ̸= d).
The thermal conductivity of the substrate is of particular importance in determining
the interface temperature. For DLCs the thermal conductivity generally depends on the sp3
fraction and hydrogen content. Polymeric films, with low sp3 fraction and high hydrogen
content have thermal conductivities on the order of 0.2 W/mK [134, 135], while highly sp3
bonded ta-C has thermal conductivities ranging from 2–10 W/mK [18, 125, 134, 136]. aC:H falls in the middle of these values, with thermal conductivities typically in the range of
0.7–1.3 W/mK [125, 134, 135]. The thermal conductivity of amorphous SiO2 films has also
been measured, and is similar to a-C:H, with values ranging from 0.8–1.4 W/mK [136–138].
The thermal conductivity of a-C:H:Si:O is more uncertain. Only one paper could be
found that measured the thermal conductivity of a-C:H:Si:O, which reported a value of
76 ± 10 W/mK [139]. This value appears far too high, since it is two orders of magnitude
larger than reported values for a-C:H and amorphous SiO2 films. A possible reason for this
discrepancy could be incorrect experimental techniques applied in [139]. The high thermal
conductivity of a-C:H:Si:O was measured using scanning thermal microscopy, a technique
that uses the heat flux from a heated AFM tip to compute the thermal conductivity based
on a calibration curve. However, this method has been shown to be unsuitable for samples
with high thermal conductivity (> 10 W/mK), since the heat flux becomes independent of
samples thermal conductivity [140–142]. In the case of the a-C:H:Si:O measurements in
[139], the calibration curve was based on GaAs, Ge, Si and Al; all of which are materials
with thermal conductivity > 10 W/mK. In addition, these materials often have oxide layers
with far lower thermal conductivity than the bulk values [142], which could be influencing
the calibration. For these reasons, in this work the thermal conductivity of a-C:H:Si:O
was assumed to be in the range of 0.7–1.4 W/mK, which is consistent with the thermal
conductivity values for a-C:H and a-SiO2 .
The thermal conductivity of the tip (ktip,d ) is different from the bulk thermal conduc-
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tivity of silicon due to restriction in heat flow due to the nano-scale cross sectional area,
while the thermal conductivity of the substrate (ksub ) must be modified to account for the
reduction in substrate thermal resistance for thin films on high thermal conductivity substrates. The equations used for these corrections are described in the paper by Nelson and
King [133].
∗
Once the parameters in equation 3.2 are known, θInterface
can be found by solving for

the temperature distribution through the conical tip. MATLAB was used to analyze the
∗
∗
effect of error in the input parameters on θInterface
. It was found that the error in θInterface

is dominated by error in Rb and ksub . Error in all other input parameters has negligible
effect on the accuracy of the model. This analytic model was compared to finite difference
simulations of heat transfer through the tip, and shown to agree with the results [133].
∗
) is between
For a silicon tip on a-C:H the normalized interface temperature rise (θInterface
∗
on stress for
0.1 and 0.4 depending on the tip radius and load. The dependence of θInterface

a range of tip radii was computed using MATLAB and is shown in Figure 3.11. Larger tips
and higher stress results in increased heating due to a larger contact area between the tip
and the substrate.
Heated probes were used to scan a 5 × 5 µm2 area on both materials. Based on the
thermal circuit model and the dimensions of the cantilevers used the normalized interface
temperature rise was calculated to be 0.22. The cantilevers used had a maximum controllable heater temperature of 450 ◦C, resulting in a 115 ◦C interface temperature. Figure 3.12
shows the before and after survey scans (taken at room temperature and low load) for
both materials. The scans were performed at 250 nN applied load and a 1 Hz scan speed.
Volatilization of the a-C:H film was observed after scanning. In comparison, the a-C:H:Si:O
sample was stable under the same conditions. To confirm the a-C:H film removal was due
to thermal degradation and not stress alone, control scans were performed at the same load
and no film removal was observed. However, this does not rule out the possibility that the
amount of film removal was increased due to stress. Although the depth of film volatilization is only 1.5 nm, in applications such as HAMR disk drives the total film thickness would
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be on the order of 2–4 nm [8], where 1.5 nm of film volatilization would be significant.
The amount of film volatilization was measured as a function of interface temperature.
The results are shown in Figure 3.13. As can be seen, a-C:H volatilization occurs even for
the lowest interface temperature increases, compared to no change for a-C:H:Si:O, and the
amount of volatilization increases with temperature. Repeated scans over the same region
were also considered and showed a progressive increase in film removal for a-C:H, and no
measurable change for a-C:H:Si:O.

3.5. Conclusions
A variety of experimental techniques were used to probe the thermal stability of aC:H:Si:O in comparison to technologically relevant a-C:H used in the current generation
of hard disk drives, and similar to that used in many other applications. Long duration
(1 hour) annealing in laboratory air up to 350 ◦C showed complete film volatilization for
a-C:H compared to moderate changes at 350 ◦C for a-C:H:Si:O as measured by Raman
spectroscopy. Characterization of the Raman spectra based on fitting the D and G peaks
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Figure 3.12: AFM scans of a-C:H (top) and a-C:H:Si:O (bottom) before and after scanning
with heated cantilevers operating at 450 ◦C (115 ◦C interface temperature). Film volatilization is observed for a-C:H resulting in a depression after scanning. No change is observed
for a-C:H:Si:O under the same conditions.
suggests thermal degradation through rehybridization from sp3 to sp2 carbon and clustering
of sp2 carbon.
This is in agreement with quantitative XPS and NEXAFS spectroscopy performed by
Mangolini et al. [121]. XPS measurements showed clustering and ordering of the sp2 carbon
and an increase in the silicon oxidation state. NEXAFS spectra were used to quantify the
sp3 carbon fraction and observed an increase in sp2 carbon with annealing. Modeling of the
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Figure 3.13: Depth of film removal as a function of interface temperature for a-C:H and
a-C:H:Si:O after a single scan with a heated AFM probe.
activation energy for thermally induced rehybridization based on a Gaussian distribution of
energy barriers resulted in an activation energy of 3.0 ± 1.1 eV for a-C:H:Si:O [121] compared
to 2.6 ± 1.2 eV for a-C:H [119], showing that the addition of Si and O increases the mean
activation energy for rehybridization.
Heated AFM probes can be used to investigate thermal stability at time and length scales
relevant to applications such as HARM disk drives. Although the heat transfer between
the tip and sample can only result in limited heating, technologically significant amounts
of film volatilization were observed for a-C:H, even at low temperatures and increased with
heater temperature (although this is also influenced by the applied stress). Under the same
conditions no changes were observed for a-C:H:Si:O.
This combination of experimental characterization techniques clearly shows the addition
of even small amounts of silicon and oxygen can substantially increase the thermal stability
of a-C:H, overcoming a major technological limitation for these films. However, the atomistic mechanisms responsible for this enhanced thermal stability is not clear. In order to
understand the mechanisms responsible for the effect of silicon and oxygen on the thermal stability of a-C:H:Si:O molecular dynamics simulations were employed. The simulation
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techniques are introduced in Chapter 4 and the results are presented in Chapter 5.
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CHAPTER 4: Molecular dynamics simulations of a-C:H:Si:O using the ReaxFF
potential
Molecular dynamics (MD) simulations are a valuable tool to gain insight into the atomic
interactions that influence the structure/property relations in a-C:H:Si:O. By gaining the
ability to see every atom, the results of a simulation can help explain and understand experimental results. Additionally, in the context of HAMR disk drives, the temperature pulses
would be on the order of picoseconds, a timescale that is experimentally challenging, but
accessible in simulations. There are several approaches to modeling DLC including density
functional theory (DFT) based methods and empirical potentials. DFT simulations have
shown good ability to reproduce experimental results. However, due to computational cost,
these methods are limited to only a few hundred atoms and short timescales [143, 144].
This is problematic for the study of amorphous systems, where a large degree of structural
variation exists, which may not be accurately captured in smaller simulation domains. In
addition, simulations of tribological properties typically require longer timescales, which
are inaccessible in DFT methods. Therefore a number of empirical potentials have often
been used to model DLC, including Tersoff, REBO, ReaxFF, and EDIP [143–146]. However, some of these potentials have not been parameterized for amorphous carbon, and in
particular, few simulations of a-C:H:Si:O using these potentials exist. Thus it is important
to investigate their ability to reproduce the structure of DLC. Several papers [143, 145, 146]
have studied the ability of these potentials to model a-C, typically be looking at how well
the potentials can reproduce the experimentally measured relationship between sp3 fraction
and density [18].
A comparison between different potentials for how the sp3 fractions depend on density,
and experimental results, are shown in Figure 4.1. In general, wide variation exists in the
simulated structures depending on the potential used. DFT-based methods most accurately reproduce experimental trends (sp3 fraction vs. density), although they still slightly
underpredict the sp3 fraction [143, 147]. In terms of empirical potentials however, the experimental trends are often not well reproduced. Several reviews of the capability of different
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potentials to model the structure of a-C can be found in the literature [143, 145, 146], which
compared the Tersoff, REBO, ReaxFF, EDIP, LCBOP, and COMB potentials. Overall
it was found that the EDIP potential (which was parameterized specifically for describing amorphous carbon) provided the best match to experimental data [143, 145], followed
by ReaxFF. The Tersoff potential was only suitable for modeling a-C at high density (>
2.6 g/cm3 ), due to significant overestimation of the sp3 fraction at lower densities, while
the REBO potential was only suitable for low density a-C (< 2.4 g/cm3 ), due to significant underestimation of the sp3 fraction. EDIP and ReaxFF produce reasonable results
over a range of densities, with ReaxFF being better suited to lower densities (< 2.6 g/cm3 )
due to increasing underestimation of the sp3 fraction with increasing density [146]. The
LCBOP and COMB potentials perform poorly, and do not produce accurate structures at
any density [145].
The most common potential used in the literature is REBO, with several studies investigating the tribology and thermal stability of DLC [58, 59, 61, 74, 153–155]. For example,
Pastewka et al. [59] modeled the tribology of self-mated a-C:H at different hydrogen contents and observed the influence of surface passivation and rehybridization from sp3 to sp2
carbon in reducing friction. Quan et al. [74] modeled the thermal stability of a-C:H as a
function of H content and saw a decrease in thermal stability with increasing hydrogenation,
in agreement with experiments.
As mentioned previously however, the REBO and Tersoff potentials have been shown
to incorrectly predict the structure of a-C. This has been attributed to the use of short
range cutoff functions in these potentials that limit the range of interactions between
atoms [144, 147]. This results in incorrect descriptions of bond breaking [147] and atoms
becoming trapped in unphysical positions between the expected first and second neighbor
locations (see Figure 4.2) [144]. Pastewka et al. [147] has shown that by replacing the fixed
cutoff distance with an environmentally-dependent screening function (REBO+S), both the
incorrect description of bond breaking and the underestimation of the sp3 fraction in a-C are
resolved. However, in order to model a-C:H:Si:O, the potential used must be parametrized
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Figure 4.1: Comparison of sp3 content obtained with different simulation techniques to
experimental values for a-C. The color of the symbols indicates the simulation method
(as shown in the legend), while the shape of the symbol represents the reference for the
data. DFT simulations most accurately reproduce the experimental trends. The Tersoff
potential consistently overpredicts the sp3 fraction, while the REBO potential significantly
underpredict the sp3 fraction. The EDIP potential provides the best match to experimental
data, followed by ReaxFF. A modified version of the REBO potential with the cutoffs
replaced by environmentally dependent screening functions (REBO+S) performs similarly
to ReaxFF. Experimental data (gray symbols) from Refs ◦ [148],  [149], △ [150] and
simulations (colored symbols) from Refs ◦ [147],  [146], △ [151, 152], ▽ [145], [143].
for C, H, Si, and O, which significantly limits the choice of potential. For this work, the
ReaxFF potential was used, with a Si/C/H/O force field developed by Newsome et al.
[156], which is the only potential including all of these elements. The fitting parameters are
derived from experimental data and quantum mechanical simulations. The bond-order formulation used by ReaxFF to determine interactions based on local environment is similar to
the screening functions proposed by Pastewka et al. [147] to improve the REBO potential,
and it has demonstrated the ability to model the structure of amorphous carbon [151, 152].
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Figure 4.2: Radial distribution function (RDF) for a-C simulated with different potentials
employing short range cutoffs compared to experimental neutron diffraction data. The RDF
is a histogram representing the average number of atoms at a given separation distance.
The RDF for crystalline materials shows sharp peaks at the first, second, third, and so
on nearest neighbor locations. For amorphous materials these peaks are broadened due
to disorder. For DLC the first neighbor peak is centered near 1.5 Å, corresponding to the
length of C-C σ bonds, while the second neighbor peaks is near 2.5 Å. Unphysical peaks
between the first and second neighbor locations are present corresponding to the cutoff
distance employed in each method [144].

4.1. Description of the ReaxFF potential
ReaxFF makes use of bond order-dependent energy terms to describe reactive processes
and allows for bond breaking and formation during simulations [157–159]. The potential
was developed initially for hydrocarbons to allow for the study of reactions in systems too
large for quantum chemical methods [157]. The framework for the potential is designed
to be very general and includes energy terms corresponding to covalent terms, coulomb
interactions, and non-bonding forces. A fundamental idea behind the potential is bond
order. Instead of using fixed connectivity, the bond order between each pair of atoms is
updated continuously. Then, all of the energy terms describing covalent interactions are
expressed in terms of bond order, so that these contributions to the total energy can be
introduced and removed smoothly with bond formation and dissociation [157, 160]. It is
assumed that the bond order between a pair of atoms can be computed based only on the
distance between them, as given in equation 4.1, where the terms represent the σ, π, and
second π bonds. Here rij is the distance between a pair of atoms, and the pbo and r0 terms
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are fitting parameters.
′
BOij


 pbo,4 





 pbo,2 
rij
rij pbo,6
rij
+ exp pbo,3 ·
+ exp pbo,5 ·
(4.1)
= exp pbo,1 ·
r0σ
r0π
r0ππ

The potential has separate parameterizations of equation 4.1 for each possible type atomic
pair in the system. The parameters are determined by fitting to DFT calculations on a large
′ is multiplied by
set of training molecules [157, 160]. To correct for overcoordination BOij

a correction factor, the functional form of which is given in the original paper on ReaxFF
by van Duin [157].
ReaxFF then expresses the potential energy of the system as a sum, given by,
Esystem (rij , rijk , rijkl , qi , BOij ) = Ebond + Eover + Eunder + Elp + Eval
+ Epen + Etor + Econj + EHbond

(4.2)

+ EvdWaals + ECoulomb
where the terms are a function of two, three, and four body interactions, as well as the
charge on an atom, and the bond order. Ebond is the bond energy, Eover and Eunder are
energy penalties for over- or under-coordination, Elp is the energy associated with lone pairs,
Eval is valence angles, Epen is a penalty for atoms with two double bonds, Etor is torsion
angles, Econj is conjugated bonds, EHbond is the energy in hydrogen bonding, and EvdWaals
and ECoulomb are the energy of the non-bonded interactions. The functional forms of these
terms are given by van Duin [157]. The potential is very flexible, but the trade off is that
the method is approximately 50–200 times slower than traditional MD. This is due to the
complex functional form of the potential needed to model bond breaking and formation, as
well as the charge equilibration that must take place at every time step. Also, the maximum
time-step is between 0.1 and 0.5 fs [161, 162]. Given these considerations ReaxFF could be
thought of as falling in between quantum mechanical simulations and conventional MD. It
scales better than DFT calculations, but due to the complex potential and small time-step
is limited in size compared to conventional MD, and is difficult to run simulations reaching
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nanoseconds. For example, based on benchmarking simulations, ReaxFF is approximately
170 times slower than the REBO potential, but between 105 –106 times faster than DFT
calculations, depending on the system size [163]. In addition, the computational cost of
ReaxFF scales approximately linearly with the number of atoms, unlike DFT, which scales
roughly as Ne2.5 , where Ne is the number of electrons [163].
There are few papers that have made use of ReaxFF to model amorphous carbon [144–
146, 151, 152, 164], and in general these have shown good ability to reproduce experimental
results. For example, ReaxFF simulations of the tribology of ta-C showed high friction in
vacuum due to dangling bonds at the interface. However, when hydrogen or water was
introduced between the surfaces it was found to dissociate and passivate these dangling
bonds with -H or -OH groups, reproducing the experimentally observed tribology of taC [151, 152]. None of these simulations included elements other than carbon in the film,
however, it is suggested by Newsome et al. [156] that the Si/C/H/O force field used here is
transferable to systems such as silicon oxides, diamond, and graphite.

4.2. Formation of a-C:H:Si:O through liquid quenching
In general, there are two commonly used methods to generate DLC in MD simulations,
liquid quenching and simulated deposition [144]. In the liquid quenching method, an initial
crystalline lattice is heated until it melts, typically between 5000–8000 K. The system is
equilibrated at this temperature for a few picoseconds to randomize the structure. Finally
the liquid is rapidly quenched to the desired temperature. It has been claimed that the precise shape and procedure used for the quenching does not substantially affect the resulting
amorphous structure [144]. However, if the quench is too fast, then the resulting structures
can contain a very high number of energetically unfavorable bonding configurations. Thus,
some consideration should be given to the cooling rate chosen, and what effect it has on
the output.
In the literature, a wide range of quenching times have been used, from 0.5 to 100 ps,
with starting temperatures ranging from 5000–8000 K. This corresponds to quenching rates
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between 60 and 10 000 K/ps [143, 145, 146, 154, 165]. For the work in this thesis, quenching
rates between 300 and 6000 K/ps were used. This is consistent with multiple simulationbased studies of the structural properties of amorphous carbon. For example, Ref. [145] used
a liquid quenching procedure with a quench rate of 6000 K/ps for multiple potentials, including ReaxFF. Ref. [146] used a liquid quenching procedure with a quench rate of 3000 K/ps
and concludes that the ReaxFF potential produces realistic structures for densities less
than 2.6 g/cm3 . Refs. [143] and [165] used a liquid quenching procedure with a quench
rate of 10 000 K/ps for both empirical methods and density functional theory simulations
and show good agreement between the resulting structures and experimental data. Finally,
Zhang et al. [152] considered the effect of quenching rate on the ta-C structure predicted
by ReaxFF and found no difference in sp3 fraction between simulations using a quench rate
of 100 K/ps vs. 1400 K/ps. One reason for the apparent lack of effect of quenching time
is the variability introduced by randomization of initial positions. It has been shown that
a-C structures simulated with identical quenching procedures can have significant variation
in the resulting sp3 fraction when the initial configuration is randomized [143, 146]. This
variation is larger than the effect of even large changes in quenching rate.
It should be considered whether the success of liquid quenching in producing accurate
DLC structures is due to some meaningful physics or coincidental. As discussed in Section 1.2, it has been proposed that the impact of energetic ions during film deposition can
produce picosecond thermal spikes which are important for determining the film’s structure [28, 31]. According to Marks et al. [166], these thermal spikes can provide a physical
basis for liquid quenching and explain why it should be expected to produce realistic DLC
samples.
The alternative method used to generate DLC films in simulations is by simulating
the deposition procedure itself [144, 167]. This method has the advantage of following the
dynamics of the film growth. However, this method is computationally slow compared to
liquid quenching, and thus undesirable when the only concern is the resulting structure.
Since the goal of the simulations here is to study the properties of a-C:H:Si:O and not the
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formation process, it is advantageous to use the liquid quenching procedure if possible, as
long as it produces structures representative of the real material, due to its simplicity and
shorter computation time than a simulated deposition.
For this work the simulations were carried out using the molecular dynamics program
LAMMPS (Sandia National Laboratories, http://lammps.sandia.gov) [168, 169]. A description of the typical liquid quenching procedure used is as follows: the initial simulation cell
consisted of 2744 atoms selected to match the experimental atomic composition of the DLN
180 samples ([C] = 57%; [H] = 34%; [Si] = 6%; [O] = 3%, as given in Table 2.2) at a
density of 2.3 g/cm3 . Periodic boundary conditions were used in X, Y, and Z directions,
and the melting and quenching were carried out in the NVE ensemble. The time step for all
simulations was 0.1 fs. The initial temperature was set to 6000 K, which was observed to be
sufficient to melt the initial structure, and was maintained for 3–5 ps. The temperature was
then reduced to 300 K over 1–20 ps by either velocity rescaling or a Berendsen thermostat,
and the resulting structure was equilibrated at 300 K for 5 ps. The simulated a-C:H:Si:O
was then further relaxed in an NPT ensemble with a Nose-Hoover thermostat and barostat
to 300 K and 0–1.5 GPa external pressure. The damping constant for the thermostat was
set to 100 time steps (10 fs) and 1000 time steps (100 fs) for the barostat. This reduced the
density to 1.9 g/cm3 , which is within 7% of the experimental value. Finally, the periodic
boundary conditions in ±Y were removed to form free surfaces, which were relaxed by running in the NPT ensemble for 5 ps. In addition, a control sample of a-C:H was produced
following the same procedure to match the composition and density of the a-C:H samples
used by HGST. The final density for the a-C:H sample simulated was 2.3 g/cm3 . Values
extracted from the simulation results are averages over 5 ps, and the simulations were replicated three times with randomized initial configurations to confirm reproducibility of the
results. For analysis and visualization purposes, a pair of atoms was considered bonded if
the bond order between them as calculated by the ReaxFF potential was greater than 0.3,
which is a standard value used in other ReaxFF simulations with similar parameters [170].
The choice of bond order cutoff was also validated by comparing to a distance based cutoff
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for bonding and showed good agreement.

4.3. Validation of the ReaxFF potential and simulation procedure
Although literature results have shown a reasonable ability for ReaxFF to model amorphous carbon, the results depend on the specific parameterization used, and no papers
looked at DLC containing Si, or O. Therefore it is important to validate that both the
potential and liquid quenching procedure can accurately model a-C:H, and a-C:H:Si:O.
Figure 4.3 shows a comparison between a-C, a-C:H, and a-C:H:Si:O samples produced by
ReaxFF using the Si/C/H/O force field from Newsome et al. [156]. The samples were
quenched from 6000 K over 20 ps and relaxed to 1 GPa compressive stress, with the exception of the 3.2 g/cm3 a-C, which required 8000 K to melt due to the higher density. As
can be seen from the figure, ReaxFF simulations using the Si/C/H/O force field produce
reasonable matches to experimental trends. For a-C there is a slight underestimation of the
sp3 fraction vs. density relationship, as is typically seen in other simulations. For a-C:H
(35% H), there is excellent agreement between the simulations and experimental data. Two
sets of a-C:H:Si:O simulations, A and B, are also shown in Figure 4.3. For a-C:H:Si:O A
the composition was matched to the experimental DLN 180 samples ([C] = 57%; [H] =
34%; [Si] = 6%; [O] = 3%), while for a-C:H:Si:O B the composition was matched to the
experimental NCD Tech samples ([C] = 28%; [H] = 47%; [Si] = 10%; [O] = 15%, see Table 2.2). For the simulated DLN 180 composition the sp3 -C fraction was similar to a-C:H,
while the NCD Tech composition had a noticeably higher sp3 -C fraction than other samples
at similar densities.
To check the effect of quenching rate, for two different initial configurations, a sample of
a-C:H:Si:O was produced using quenching times of 1, 5 and 10 ps. The results are shown in
Figure 4.4. It is observed that the final sp3 carbon fraction does not change significantly with
increased quenching time. In addition, the average potential energy per atom shows only a
slight decrease as the quenching time is increased, suggesting that any highly energetically
unfavorable structures are not present in the 1 ps quench rate structures. The changes in sp3
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Figure 4.3: Comparison between DLC structures produced with the ReaxFF Si/C/H/O
force field and experimental data. ReaxFF slightly underestimates the sp3 fraction at a
given density for a-C, but generally reproduces the experimental trends. The addition of
H (30-40% in experiments vs. 35% in simulations) decreases the density while increasing
the sp3 fraction, and the simulated a-C:H closely matches the experimental measurements.
Two different a-C:H:Si:O samples are also shown. In (A) the composition is 33.5% H, 6.4%
Si, and 2.5% O, matching the DLN 180 samples, while in (B) the composition is 47% H,
10% Si, and 15% O, matching the NCD Tech samples. Experimental data for a-C is from
Refs ◦ [148],  [149], and △ [150], and a-C:H data is from Ref [171].
fraction and potential energy shown in Figure 4.4 are not statistically significant since they
are within the range of variation seen when replicating the simulations with randomized
initializations.

4.4. Atomic structure of a-C:H:Si:O
A typical a-C:H:Si:O structure ([H] = 34%; [Si] = 6%; [O] = 3%) resulting from the
liquid quenching procedure is shown in Figure 4.5, and the frequency of bonds between
different elements is shown in Table 4.1. The structure produced is amorphous, with no
long-range order. The a-C:H and Si:O are fully intermixed with the Si and O well distributed throughout the a-C:H. Hydrogen is primarily bonded to carbon, forming a dense
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Figure 4.4: Effect of quenching time on resulting a-C:H:Si:O structures. (a) sp3 fraction
vs. quenching time for two different initial configurations. The change in sp3 fraction with
quenching time is small compared to the effect of the randomization of the initial configuration. (b) Average potential energy (eV) per atom vs. quenching time. The change in
energy with increased quenching time is minor.
a-C:H network, and bonds to both sp3 and sp2 carbon (Figure 4.5b). Silicon is dispersed
throughout the a-C:H matrix with significant C-Si bonding. Oxygen preferentially bonds
to silicon, (50 ± 4% of oxygen bonds are to silicon) forming small local clusters of a-Si:O
(Figure 4.5c).
Figure 4.6 shows the distribution of bond lengths and angles for sp3 -carbon in the
simulated structure as formed (before annealing) based on the average of three replications.
The average bond lengths observed in the simulation agree with experimentally reported
Table 4.1: Bonds between elements in simulated a-C:H:Si:O before annealing.
Element (X)

Carbon
Hydrogen
Silicon
Oxygen

# of bonds

3192 ± 26
933 ± 34
626 ± 8
136 ± 24

Percent of bonds to each element (%)
X-C

X-H

X-Si

X-O

56.7 ± 1.5
91.5 ± 0.8
77.8 ± 2.0
30.5 ± 3.1

26.7 ± 1.4
0.3 ± 0.3
8.0 ± 0.7
19.0 ± 0.5

15.3 ± 0.4
5.4 ± 0.3
3.2 ± 1.1
50.4 ± 3.6

1.3 ± 0.2
2.8 ± 0.6
11.0 ± 1.7
0.0 ± 0.0

97

(a)

(b)

(c)

Figure 4.5: (a) Simulated structure of a-C:H:Si:O. The liquid quenching procedure results
in a fully amorphous simulation cell. The silicon and oxygen are intermixed in the aC:H network. (b) Snapshot of a-C:H:Si:O showing only the carbon and hydrogen bonded to
carbon. The structure is composed of a dense a-C:H network. The majority of the hydrogen
(91.5 ± 1.0%) is bonded to carbon. (c) Snapshot of a-C:H:Si:O showing the silicon and
oxygen. The silicon is dispersed throughout the a-C:H matrix. Oxygen typically bonds to
silicon (50.4 ± 4.0% of oxygen bonds are to silicon), forming small regions of amorphous
silica. There is a small amount of hydrogen bonded to silicon, which is also shown in (c).
values [172], and the mean sp3 -carbon bond angle of 105.9◦ is close to the expected value
of 109.5◦ for perfectly ordered tetrahedral bonding. Here, the sp3 -carbon-oxygen bonds are
not shown, since they represent less than 2% of all carbon bonds. The carbon hybridization
is 14.7 ± 0.6% sp1 , 54.7 ± 0.6% sp2 and 30.6 ± 1.3% sp3 . There is a strong correlation
between Si and sp3 carbon. Of the carbon not bonded to any silicon, 28% is sp3 hybridized,
while 55% of the carbon bonded to at least one silicon is sp3 hybridized. The relatively
high fraction of sp1 hybridized carbon is typical of MD simulations of amorphous carbon,
particularly at lower densities [146]. The total sp3 fraction of 30.6 ± 1.3% is significantly
lower than the value of 52 ± 2% computed from NEXAFS measurements of the experimental
a-C:H:Si:O samples, however, as discussed previously this is typical for MD simulations of
amorphous carbon.
The tail in the bond angle distribution towards smaller angles and the small peak near
60◦ is due to the presence of 3 and 4 member rings, which have been seen in other experimental and simulation studies of amorphous carbon [18, 67, 143, 173].
The overall conclusion is that the ReaxFF potential using the chosen parameterization
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Figure 4.6: Distribution of bond lengths (a) and angles (b) for sp3 -carbon before annealing.
The average bond lengths are Csp3 -H: 1.09 Å, Csp3 -C: 1.54 Å, and Csp3 -Si: 1.98 Å. The
average bond angle is 108.5◦ .
can accurately model the structure of a-C:H and a-C:H:Si:O. In the next chapter, the results
of annealing simulation will be presented, which provide insight into the mechanisms by
which the addition of Si and O can increase thermal stability.

99

CHAPTER 5: Atomistic origins of enhanced thermal stability from Si and O
As shown in experiments in Chapter 3, a-C:H:Si:O has significantly enhanced thermal
stability compared to a prototypical a-C:H. However, experimental spectroscopic techniques
are not able to provide a complete picture of the reaction processes leading to thermal decomposition, or to show how the addition of Si and O increases thermal stability. Therefore,
in order to gain atomistic insight into the mechanisms by which a-C:H:Si:O achieves enhanced thermal stability MD annealing simulations were performed.
Simulated samples of a-C:H and a-C:H:Si:O produced following the liquid quenching
procedure described in Section 4.2 were heated over a range of temperatures. Two types of
simulations were considered. First, single temperature annealing was performed at 275, 525,
and 825 ◦C. The simulations were performed in the NVT ensemble where the temperature
was controlled with a Nose-Hoover thermostat with the damping constant set to 100 time
steps (10 fs). The temperature was ramped to the target over 5 ps and maintained at
that temperature for 100 ps. The results of these simulations were used to explore the
mechanisms of thermal decomposition and the effect of Si and O. Second, linear heating
ramps were performed up to 1525 ◦C. These heating ramp simulations were used to compute
activation energy distributions for thermally induced rehybridization from sp3 to sp2 and
were compared to quantitative experimental results.

5.1. Constant temperature annealing of a-C:H and a-C:H:Si:O
Figure 5.1 shows results for the thermal annealing of a-C:H:Si:O. The sp3 carbon fraction
initially decreases with annealing time, consistent with thermally-activated rehybridization,
followed by apparent stabilization at a final value [67, 68, 119]. The amount of rehybridization increases with the annealing temperature. As can be seen in Figure 5.1, the sp3 fraction
stabilizes after approximately 40 ps of annealing, suggesting that the simulation timescale
was long enough to capture the primary mechanisms for thermally activated rehybridization. It is clearly possible that processes with slower kinetics due to larger energy barriers
will occur on longer timescales; such processes are beyond the capabilities of these sim100
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Figure 5.1: Sample of simulated annealing data from MD for a-C:H:Si:O (a) and a-C:H
(b). The temperature was ramped to the value indicated in the legend over 5 ps. There is
an initial drop in sp3 -bonded C, followed by stabilization. The amount of rehybridization
increases with temperature.
ulations. However, the agreements between these results and experimental observations
support the contention that they have captured essential processes. Specifically, previous
work has shown rehybridization from sp3 to sp2 -carbon occurs with annealing for both a-C:H
and a-C:H:Si:O [76, 119, 120], and a comparison of the current simulation results to XPS
measurements shows good qualitative agreement in terms of sp3 to sp2 conversion [121]. In
addition, short timescale heating is technologically relevant for applications such as HAMR
disk drives, where the heating time is on the order of 1 ns [77]. In the simulations, the primary mechanism for rehybridization was the breaking of C-C bonds between sp3 hybridized
atoms, leading to the creation of sp2 -hybridized C atoms. For comparison, a-C:H was also
annealed in simulations, and the results are shown in Figure 5.1b. Qualitatively, the primary mechanism for rehybridization is the same (the breaking of C-C bonds). However,
there is a greater fraction of rehybridization for a-C:H compared to a-C:H:Si:O.
In experiments, dehydrogenation of a-C:H is observed during annealing [69, 73, 75], and
similar behavior has been measured for a-C:H:Si:O [120]. This has been attributed to the
thermally activated breaking of sp3 C-H bonds and the release of trapped free hydrogen
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in the film [73, 120]. However, this process is not observed in the current simulations for
either material. In the simulations, rehybridization is due to the breaking of C-C bonds
(and some C-Si bonds for a-C:H:Si:O), while the breaking of C-H bonds is relatively rare.
Similar behavior has been observed previously in simulations of a-C:H using the REBO
potential. In Ref [74] the thermal degradation of a-C:H was investigated as a function of
hydrogen content, and it was observed that while C-C bond breaking began between 500–
600 ◦C, there was minimal C-H bond breaking at temperatures less than 2000 ◦C. Similarly,
in Ref [76] the REBO potential was used to simulate annealing at 1135 ◦C, and observed a
progressive increase in the sp2 carbon fraction but no decrease in the number of C-H bonds.
In terms of bond strength, the relative strength of C-C vs. C-H bonds depends on
the compound in question [174], with possibilities for either to be stronger. It can be
hypothesized that due to the structural disorder there is a large degree of C-C bond length
and angle strain which does not significantly affect the C-H bonds, and these strained CC bonds are weaker than the C-H bonds. One additional explanation for the apparent
discrepancy between the simulations and experiments regarding the loss of hydrogen is that
the hydrogen loss is not from the breaking of C-H bonds, but primarily the results of the
release of free H2 that was trapped in the film (which is not present in the MD simulations).
Experimental support for this theory can be found in work by Peng et al. [120]. There,
a large decrease in the hydrogen content was observed for a-C:H:Si:O annealed to 300 ◦C.
However, this decrease was attributed primarily to the desorption of water and surface
hydrocarbons and the effusion of trapped hydrogen, rather than C-H bond breaking and
rehybridization, since the change in hydrogen content did not correspond to a change in sp3
fraction. In addition, Rose et al. [76] performed rapid thermal annealing of a-C:H to 650 ◦C
and observed only minor loss of hydrogen, while Raman spectra from the annealed samples
showed an increase in the PL background, which is correlated with increased C-H bonding.
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5.2. Si doping increases thermal stability through a reduction in bond length disorder
To study how the inclusion of Si and O into a-C:H affects thermal stability, simulated
annealing results for a-C:H and a-C:H:Si:O were compared in detail. Re-hybridization was
primarily the result of tensile strained bonds breaking at high temperatures, as observed in
the bond length histograms for both materials, as shown in Figure 5.2. This is expected, as
the bond strength is related to bond length, so the highly strained bonds have the lowest
strength. The change in sp2 fraction vs. annealing temperature (for 100 ps) is shown in
Figure 5.3a. a-C:H is observed to have a greater rate of re-hybridization compared to
a-C:H:Si:O. Similar to the case for a-C:H:Si:O, it is observed that the primary cause of
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Figure 5.2: Distribution of sp3 -C:C bond lengths at 300 K for a-C:H:Si:O (top) and a-C:H
(bottom). The light colored region shows the bonds which broke resulting in rehybridization
from sp3 to sp2 -C when annealed at 1100 K for 100 ps. Rehybridization was primarily due
to tensile strained C-C bonds.
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re-hybridization is the breaking of tensile strained C-C bonds. However, when compared
to a-C:H:Si:O, there are substantially more strained bonds in the unheated a-C:H sample
(see Figure 5.3b). For the simulated a-C:H, 25% of the sp3 C-C bonds had a length greater
than 1.6 Å (compared to 20% for a-C:H:Si:O). In addition, highly strained C-C bonds in
a-C:H represent 20% of the total sp3 C-X bonds, compared to only 10% of the total sp3 C-X
bonds in a-C:H:Si:O. This larger number of highly strained bonds results in the greater rehybridization observed for a-C:H compared to a-C:H:Si:O for the same amount of annealing
(as seen in Figure 5.3a). Thus, a hypothesis for explaining the increased thermal stability of
a-C:H:Si:O is that it arises from the presence of significant carbon-silicon bonds with longer
equilibrium bond length (154 pm for C-C and 134 pm for C=C, vs. 185 pm for C-Si) [172].
This longer bond length allows a-C:H:Si:O to accommodate more structural disorder without
the inclusion of many strained C-C bonds, increasing thermal stability. This is supported
by the fact that a-C:H:Si:O is observed experimentally to have less residual stress than
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Figure 5.3: (a) Increase in sp2 carbon fraction as a function of annealing temperature
for a-C:H and a-C:H:Si:O. Annealing was for 100 ps. The lines are guides for the eye.
There is a greater degree of rehybridization for a-C:H. Error bars show the max and min
values observed over three replications with randomized initial configurations. (b) C-C bond
length histograms for a-C:H and a-C:H:Si:O. The increase in rehybridization is attributed
to the greater fraction of highly strained bonds in a-C:H compared to a-C:H:Si:O as seen by
comparing the histograms. This is due to the presence of longer C-Si bonds in a-C:H:Si:O.
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a-C:H [14–16, 88, 89]. Due to the low atomic concentration of oxygen in the a-C:H:Si:O
simulated here, and the low amount of C-O bonding in particular (less than 2% of all carbon
bonds), it is not possible to draw reliable conclusions about the role of oxygen from the
present simulations. However, recent density functional theory simulations have shown that
carbon-silica bonds are stronger than carbon-silicon bonds, suggesting a possible mechanism
by which oxygen also contributes to thermal stability [175]. In addition, experimental work
has shown that a-C:H:Si:O resists oxidation at high temperatures in aerobic environments
by the formation of a silica surface layer, an effect that would not be captured in these
simulations [42]. Further experimental and simulation studies, including ones that examine
increased amounts of oxygen in these films, would be needed to fully explore oxygen’s role.

5.3. Changes in Si bonding at high temperature
There were also changes observed in the bonding character of silicon when the sample
was annealed, which are shown in Figure 5.4. Specifically, Si-H bonding decreases and Si-O
bonding increases with temperature. The liberated hydrogen from the reduction in Si-H
bonding re-bonded to carbon, while being replaced by oxygen, resulting in the increase
in Si-O bonds. The Si-C bonding decreases slightly at higher temperatures, resulting in
some of the observed rehybridization. However, the primary mechanism for rehybridization
remains the breaking of C-C bonds. Although sp3 C-C bonds are typically stronger than
Si-C bonds, the disorder present in the amorphous structure gives rise to a large fraction
of tensile strained C-C bonds in the unheated structure (as shown in Figure 5.2). For the
simulated a-C:H:Si:O 20% of the sp3 C-C bonds have a bond length greater than 1.6 Å.
These weakened C-C bonds can have lower strength than Si-C bonds on average. This
observation is in agreement with density functional theory simulations of silica and diamond
that have shown Si-C bonds can wear weakened diamond C-C bonds at the interface [175].
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Figure 5.4: Change in Si bonding for a-C:H:Si:O with annealing temperature. Error bars
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5.4. Clustering and ordering of sp2 carbon
It is known that thermal energy can not only rehybridize bonds from sp3 to sp2 but, as
reported for a-C:H films, can also cause existing sp2 -hybridized bonds to cluster and eventually order [119]. Clustering of sp2 carbon was measured in the simulations by counting the
average number of sp2 -bonded neighbors around each sp2 carbon atom. Figure 5.5 shows
the relative fraction of sp2 -hybridized neighbors increased for both a-C:H and a-C:H:Si:O.
This indicates a progressive clustering of the sp2 carbon with increasing temperature. Consistent with the expected increase in thermal stability attributed to the inclusion of Si and
O, there is less clustering with annealing temperature for a-C:H:Si:O.
However, this is an imperfect metric for measuring clustering and ordering of the sp2
carbon. First, the sp2 fraction is increasing with annealing, which will increase the number
of sp2 -bonded neighbors. Second, this provides no information about ordering of the sp2
phase. One alternative is to look at the formation of graphitic clusters by considering the
amount of sp2 carbon arranged in six-member rings. This is shown in Figure 5.6. The rings
were identified using an algorithm from Yuan and Cormack [176], which was implemented
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Figure 5.5: Relative frequency of sp2 -bonded neighbors to sp2 carbon, for a-C:H and aC:H:Si:O. When annealed for 100 ps there is an increase in the frequency of sp2 carbon
neighbors indicating a growth of sp2 clusters. Lines are guides for the eye.
in MATLAB. As seen in the figure, the unheated structures for both a-C:H and a-C:H:Si:O
had almost no sp2 carbon arranged in ordered six-member rings. However, when annealed
at 825 ◦C, there are clear differences between the two materials. For a-C:H, the number
of six-member sp2 carbon rings increased rapidly, suggesting clustering and ordering of the
sp2 phase. In contrast, only a small increase was observed for a-C:H:Si:O. This indicates
the inclusion of silicon and oxygen significantly inhibits the clustering and ordering of sp2
carbon in a-C:H:Si:O.

5.5. Effect of varying Si content on the structure and thermal stability
To check the hypothesis that the presence of Si reduces the average C-C bond length, a
set of simulations was run with the ratio of elements (C:H and Si:O) and density matched to
the experimental samples, but with varying Si content. As can be seen in Figure 5.7a, there
is a strong correlation between Si content and the overall fraction of sp3 -C in a-C:H:Si:O.
This is in good agreement with experimental measurements of films with varying Si:O
content [70, 80, 83, 87], which have shown an increase in sp3 -C bonding with Si fraction.
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Figure 5.6: Increase in the number of six-member sp2 carbon rings with annealing time for
a-C:H and a-C:H:Si:O at 825 ◦C. In both cases there was only one six-member sp2 carbon
ring in the unheated structure. When annealed at 825 ◦C, the number of six-member sp2
carbon rings increased rapidly for a-C:H, suggesting clustering and ordering of the sp2 phase.
In contrast, only a small increase was observed for a-C:H:Si:O.
The average C-C bond length decreases as the Si fraction increases, eventually reaching the
expected average value based on equilibrium carbon bond lengths. This results in a decrease
in the fraction of highly strained sp3 C-C bonds, as shown in Figure 5.7b, confirming that Si
doping significantly relieves strain by preventing elongated C-C bonds from forming. This
in turn suggest that film deposition recipes that increase the silicon content can lead to
increased thermal stability.

5.6. Comparison between simulations and experimental results
Although quantitative agreement between the experiments and simulations is not expected due to the vastly different timescales, the simulation results presented here show
good qualitative agreement with experiments. In both cases the addition of small concentrations of silicon and oxygen results in significant improvements in thermal stability. Both
Raman and NEXAFS measurements in Chapter 3 show thermal degradation in a-C:H:Si:O
through rehybridization from sp3 to sp2 carbon, and the rate of rehybridization decreases
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Figure 5.7: (a) sp3 -carbon fraction as a function of Si content in simulated a-C:H:Si:O.
At a given density, the sp3 fraction significantly increases with Si content. (b) Percent of
sp3 C-C bonds that are highly strained (bond length greater than 1.6 Å) as a function of
Si content. As the Si content increases, the fraction of highly tensile strained C-C bonds
decreases, from 18% at 0% Si to 2% at 25% Si.
with the addition of silicon and oxygen. As shown in Section 5.1, the same is true in simulations as well. Furthermore, the structural details predicted by MD, in particular the low
fraction of C=O bonds (< 2% of all bonds), the increase in silicon oxidation state with
annealing shown in Section 5.3, and the clustering and ordering of sp2 carbon in Section 5.4
are in agreement with analysis of XPS spectra by [121] discussed in Section 3.3. Finally,
the increase in six-member sp2 carbon rings is in good agreement with the Raman spectra
shown in Figure 3.3. For DLC, an increase in the Raman D peak intensity is expected to be
related to an increase in sp2 carbon rings. The much larger increase in D peak intensity for
a-C:H is in agreement with the determination of six-member rings from the MD data shown
in Figure 5.6. These good qualitative agreements between the simulations and experimental
spectroscopy provides confidence that the ReaxFF potential is able to accurately model the
thermal degradation pathways in a-C:H:Si:O, and the conclusions drawn for the simulations
are relevant to explaining the experimental observations.
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5.7. Modeling the distribution of activation energies from heating ramps
As seen in the preceding work, simulations with the ReaxFF potential have accurately
reproduced experimental trends, and shed insight into the thermal degradation processes
in a-C:H:Si:O. In order to extend this work further, it would be of interest to compute
the activation energy for carbon rehybridization to facilitate a quantitative comparison
with experimental results. As discussed previously, the amorphous structure in DLCs gives
rise to a large number of different bonding environments, which suggests a wide range of
variation in activation energy. To handle this fact, one could choose to treat the activation
energy as a probability distribution (often assumed to be Gaussian) and compute the mean
and standard deviation. This approach has often been taken in literature dealing with
modeling complex reactions, such as coal or biomass pyrolysis, and is referred to as a
distributed activation energy model (DAEM) [177, 178]. Previously this model has been
used by Sullivan et al. [67] to model rehybridization leading to stress relaxation in a-C, and
by Mangolini et al. [119] to model thermally induced rehybridization in a-C:H.
In this approach it is assumed the rehybridization is governed by a first order reaction
with a rate constant given by the Arrhenius equation:
k = νe−Ea /(kB T )

where ν is the attempt frequency (1/s), Ea is the activation energy (eV), T is the temperature (K), and kB is the Boltzmann constant. Then for a first order reaction where α is the
fraction of a reactant decomposed at time t (in this case α = sp3Lost /sp3Initial ), the reaction
is described by the equation:


Ea
dα
= ν exp −
· (1 − α)
dt
kB T
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which after integrating gives:

 
 Z t
Ea
ν exp −
dt
α = 1 − exp −
kB T
0
where T can be a function of time. If N (Ea ) represents the probability distribution of
energy barriers, then the equation becomes:
Z

∞

α=
0

 

 Z t

Ea
dt
dEa
N (Ea ) 1 − exp −
ν exp −
kB T
0

Here N (Ea ) can be any probability distribution and T any function of time. However, it is
convenient to let N (Ea ) be a normal distribution characterized by mean activation energy
E0 and standard deviation σ and vary the temperature linearly with a heating rate β (K/s).
Then after substitution and simplification and rewriting in terms of remaining sp3 fraction
rather than the amount of sp3 lost, the final fit equation is:

sp3T

=

sp3i



1
√
σ 2π

Z

∞


exp

0

−ν
β

Z

T

e

−Ea /(kB T̃ )

Ti

(Ea − E0 )2
dT̃ −
2σ 2




dEa

(5.1)

where ν, E0 , and σ are fitting parameters. However, both ν and E0 cannot be fit, or the
solution would not be unique, so the value of ν must be fixed. In this case it is assumed
ν = 1012 /s, which is a typical value used in the literature for solid state reactions [67,
119]. Finally, in a-C:H:Si:O there could be multiple processes contributing to thermal
decomposition with different kinetic behavior (for example the mean activation energy for
carbon bonded to silicon vs. carbon not bonded to silicon could be different). This can be
modeled by allowing the activation energy distribution to be a sum of Gaussian distributions
with different means and standard deviations weighted by relative atomic concentrations of
atoms in the different bonding environments [177]. This is the approach used by Mangolini
et al. [119] to model the thermal decomposition of a-C:H.
For fitting activation energies using Equation 5.1, MD simulations were performed using
linear temperature ramps from 300 to 1100 K at heating rates of 4 × 1012 K/s, 8 × 1012 K/s,
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and 1.6 × 1013 K/s, which are typical for MD simulations, although they are fast compared
with experiments. Although heating at different rates is not necessary for computing the
fit parameters, it is useful for validating that the overall modeling procedure is giving
meaningful results by checking that consistent values are obtained at each heating rate.
The simulated samples were produced following the liquid quenching procedure described
in Section 4.2, with 1–1.5 GPa in plane stress. For comparison, a-C and a-C:H samples were
also annealed in the same manner.
Figure 5.8a shows the results of fitting the a-C:H:Si:O data for the three different heating rates with the same single distribution fit. As can be seen from the figure, a single
fit with Ea = 0.96 ± 0.38 eV can model each set of data. However, this activation energy is significantly different from the value obtained from fitting the experimental results
(3.0 ± 1.1 eV) [121]. This discrepancy will be discussed in Section 5.8. In comparison, the
activation energy distributions for a-C and a-C:H in the simulations were computed to be
0.74 ± 0.31 eV and 0.62 ± 0.24 eV respectively. These fits are shown in Figure 5.9. Thus, in
order of thermal stability, a-C:H < a-C < a-C:H:Si:O.
In order to investigate the effect of local bonding environment on thermal stability, the
simulation results for a heating rate of 8 × 1012 K/s were fit using multiple distributions,
corresponding to carbon bonded to Si/H vs carbon not bonded to Si/H. Although it is
possible to perform a fit using more than two distributions, in practice it is difficult with
the small number of atoms in the simulation, and results in large uncertainty in the fit
parameters. The results of this fitting for a-C:H:Si:O are shown in Figure 5.8b.
For the single distribution fit Ea = 0.96 ± 0.38 eV, as stated previously. For the multiple
distribution fits, two cases were considered. In the first case, two distributions were fit
corresponding to thermally activated rehybridization from sp3 to sp2 for those carbon atoms
bonded to at least one silicon atom (sp3 C-Si -to-sp2 ) vs. rehybridization for those carbon
atoms bonded to no silicon atoms (sp3 C-C -to-sp2 ). Note that this is not the same as the
activation energy for the breaking of C-Si vs. C-C bonds, and in most cases sp3 C-Si -to-sp2
conversion was by means of breaking a C-C bond. This yielded an activation energy of
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Figure 5.8: (a) Fit of temperature ramps at three different heating rates using a single set of
fitting parameters (Ea = 0.96 ± 0.38 eV). (b) Fit of a single heating ramp (at 8 × 1012 K/s)
with a single distribution fit compared with two distribution fits. The activation energies
computed by each fit are given in the text.
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Figure 5.9: Single distribution fits for temperature ramps for a-C:H and a-C at a heating
rate of 8 × 1012 K/s. The mean activation energy for rehybridization is lower for a-C:H than
a-C, with both being lower than a-C:H:Si:O (Ea = 0.96 ± 0.38 eV).
0.79 ± 0.31 eV for sp3 C-C -to-sp2 conversion vs. 1.50 ± 0.60 eV for sp3 C-Si -to-sp2 conversion.
The higher activation for rehybridization of carbon atoms bonded to silicon is in good
agreement with the hypothesis that Si-doping increases thermal stability by reducing the
number of tensile strained C-C bonds, increasing the average C-C bond strength.
In the second case, two distributions were fit corresponding to thermally activated rehybridization from sp3 to sp2 for those carbon atoms bonded to at least one hydrogen atom
(sp3 C-H -to-sp2 ) vs. rehybridization for those carbon atoms bonded to no hydrogen atoms
(sp3 C-C -to-sp2 ). Again, it is important to mention that this is not the same as the activation energy for the breaking of C-H vs. C-C bonds. In this case, an activation energy
of 0.68 ± 0.27 eV was found for sp3 C-C -to-sp2 conversion vs. 1.31 ± 0.52 eV for sp3 C-H -tosp2 conversion. This higher activation energy for rehybridization of carbon atoms bonded
to hydrogen is surprising, since experimental results have shown a-C:H has significantly
lower thermal stability than a-C, and thermal stability decreases with increasing H content [69, 73, 75]. This is not just the case for a-C:H:Si:O, as performing the same analysis
for the a-C:H samples gives an activation energy of 0.72 ± 0.26 eV for sp3 C-H -to-sp2 vs.
0.56 ± 0.22 eV for sp3 C-C -to-sp2 .
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This presents a rather unexpected result. Although a-C:H is less thermally stable compared to a-C (Ea = 0.62 ± 0.24 eV vs. 0.74 ± 0.31 eV for single distribution fits), carbon
bonded to at least one hydrogen atom is more thermally stable than carbon bonded to no
hydrogen atoms. These results suggest that the effect of hydrogen on thermal stability is to
decrease the stability of C-C bonds, rather than C-H bonding being a weak link resulting
in lower thermal stability. This description is consistent with the observed bond breaking
discussed in Section 5.1, where relatively few C-H bonds break with annealing.

5.8. Effect of stress on activation energy distribution
As mentioned previously, by comparison to experiments, it is clear that the activation
energies computed from the simulations are too low. For the single distribution fit for
a-C:H:Si:O the value of Ea = 0.96 ± 0.38 eV is far lower than the experimental results
(3.0 ± 1.1 eV) [121], and suggests that some rehybridization would occur even at room
temperature (since a non-negligible fraction of sp3 carbon atoms are predicted to have
Ea ∼ 0 eV). However, it was hypothesized that the activation energy should increase with
compressive stress, which was ∼ 0 GPa in the previous simulations. The reason for this is
due to the difference in volume between sp3 and sp2 carbon (with sp3 carbon being denser).
Thermodynamically, sp2 carbon is known to have a lower cohesive energy than sp3 carbon
at zero pressure [179]. However, due to the volume increase between sp3 and sp2 carbon,
the energy difference decreases with pressure. This results in a phase diagram where, above
a certain pressure, diamond, rather than graphite, is the more thermodynamically stable
form of carbon [179].
Experimentally DLC films are known to possess significant amount of residual compressive stress. For example, values of compressive stress for ta-C can range from 4–
15 GPa [18, 82], with values higher than 6 GPa being typical [67]. a-C:H tends to have
slightly lower compressive stress, but it still can as high as 10 GPa [18]. There tends to be
good correlation between residual compressive stress and sp3 fraction for DLC [18], and it
has been suggested that local compressive stresses produced during deposition are neces115

sary for the stabilization of the sp3 bonding [28, 31, 32]. The addition of silicon, however, is
known to reduce the residual compressive stress. Studies of Si-doping have found the stress
reduction varies non-monotonically with Si content, and values between 0.1 and 3 GPa have
been reported [80–82]. For a-C:H:Si:O the residual stress is similar, with values between
0.7 and 1.5 GPa found in the literature, depending on deposition conditions [84, 89].
The effect of stress on activation energy was investigated in the simulations by applying 1–1.5 GPa compressive stress in the X-Z plane during the heating ramps. Although
the amount of compressive stress in the experimental samples is not known, these values
are reasonable given the previously discussed stress measurements for Si and Si:O-doped
DLCs. The results are shown in Figure 5.10. As can be seen, the activation energy distribution is strongly dependent on stress, increasing from Ea = 0.96 ± 0.38 eV at 0 GPa to
Ea = 2.81 ± 1.09 eV at 1.5 GPa. This latter value agrees very well with the 3.0 ± 1.1 eV
computed from experiments.
In addition, multiple distribution fits were computed, with two distributions corre-
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Figure 5.10: Simulation data and single distribution activation energy fits for a-C:H:Si:O
with in-plane compressive stress. The fitted activation energy (shown in the legend) is
strongly dependent on stress.
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sponding to sp3 C-C -to-sp2 vs. sp3 C-Si -to-sp2 . For the 1 GPa data Ea = 1.17 ± 0.30 eV
for sp3 C-C -to-sp2 compared to 3.38 ± 1.32 eV for sp3 C-Si -to-sp2 , while for the 1.5 GPa data
Ea = 2.01 ± 0.79 eV for sp3 C-C -to-sp2 compared to 4.93 ± 1.83 eV for sp3 C-Si -to-sp2 . The
large standard deviations for the sp3 C-Si -to-sp2 activation energies is due to the very small
amount of total rehybridization that occurs, which decreases the ability to accurately fit
the data.
The effect of stress on activation energy is often modeled as a linear effect and given
by [180, 181]:
Etot = Ea ± σ∆V
where Etot is the total activation energy, Ea is the stress -free activation energy, σ is the
stress, and ∆V is a quantity called the activation volume. It would take more simulations
at different amounts of stress to confidently determine the effect of stress on activation
energy, but from the simulations currently preformed, the behavior appears non-linear (see
Figure 5.11). One possibility is that the activation energy is linearly related to stress, but
the trend is not apparent from the limited number of simulations preformed and given the
uncertainty. In addition, due to the small volume and stiff bonds, stress is not well controlled
in the simulations and has large fluctuations over time (± 1 GPa). To better evaluate the
effect of stress on activation energy, it would be necessary to perform additional simulations
(ideally with larger numbers of atoms), which is computationally challenging for the ReaxFF
potential.

5.9. Conclusions
MD simulations using the ReaxFF potential have provided new insight into the mechanisms responsible for the enhanced thermal stability of a-C:H:Si:O compared to a-C:H.
MD results agree with experimental data that the incorporation of even modest amounts of
silicon and oxygen (e.g. 6 at.% and 3 at.% respectively) in a-C:H increases thermal stability
significantly. The primary mechanism for the rehybridization of sp3 to sp2 carbon is the
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Figure 5.11: Activation energy for sp3 to sp2 conversion vs. stress for a-C:H:Si:O. The error
bars represent the fit standard deviation for the activation energy distribution, not the
confidence interval for the mean activation energy. The large increase in standard deviation
at 1.5 GPa is due to the small amount of total rehybridization, which makes fitting the
activation energy distribution difficult.
breaking of highly strained C-C bonds, while C-H bonds do not break until higher temperatures, and it is the reduction of these strained bonds by incorporation of Si that leads to
the increased thermal stability. Specifically, a comparison of C-C bond length distributions
for a-C:H:Si:O and a-C:H shows that the incorporation of silicon allows the structure to
accommodate more disorder by reducing the fraction of highly strained C-C bonds due to
the presence of Si-C bonding. This presents a mechanism by which the thermal stability
of a-C:H is enhanced by the addition of silicon. Simulations as a function of silicon content show a strong correlation between the atomic fraction of Si and the amount of sp3 -C
bonding. The fraction of high strained (bond length > 1.6 Å) C-C bonds decreases with
silicon content, and approximately 25 atomic % silicon results in less than 2% of the C-C
bonds being highly strained. This information could be used in film design where the silicon
content can be controlled as it suggests the thermal stability would increase with silicon
content up to around 25% Si.
Additionally, the activation energy for thermally induced carbon rehybridization was
modeled as a first order reaction with a Gaussian distribution of energy barriers, matching
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the approach used to fit the experimental results. The in-plane compressive stress, which
is commonly observed for DLC films was found to have a significant impact on the mean
activation energy. This is attributed to the increase in volume occupied by sp2 carbon
compared to sp3 carbon. Assuming a typical value of compressive stress for a-C:H:Si:O gives
an activation energy of 2.81 ± 1.09 eV compared to 3.0 ± 1.1 eV for experiments. This strong
impact of compressive stress on thermal stability is generally not considered in the literature.
For example, MD studies of the annealing behavior DLC formed by liquid quenching do
not report or control the stress [145]. Generally, liquid quenching to form DLC is carried
out at constant volume, where the density is fixed, but the resulting structures can have
widely varying stress states [143, 145, 146]. A better approach is to produce structures with
a specific amount of residual stress, while adjusting the initial volume to get approximately
the desired density.
Multiple distribution fits were used to investigate the effect of local bonding on activation energy and it was found that carbon bonded to silicon has significantly higher mean
activation energy for rehybridization compared to carbon not bonded to silicon, in agreement with the observed increase in thermal stability for a-C:H:Si:O. It was also observed
that although a-C:H has lower thermal stability compared to a-C or a-C:H:Si:O, the mean
activation energy for rehybridization was higher for carbon bonded to hydrogen compared
to carbon not bonded to hydrogen. In the literature the thermal degradation of a-C:H is
often discussed in terms of three processes: the rehybridization of sp3 to sp2 carbon, the
clustering and ordering of sp2 carbon, and loss of hydrogen [10, 69, 119, 120]. It is often
assumed that the loss of hydrogen is due to the breaking of sp3 C-H bonds at low temperatures, which results in the lower thermal stability of a-C:H compared to a-C [69, 73, 119].
However, these simulation results suggest a different possible mechanism; that the decrease
in thermal stability for a-C:H is related to the weakening of C-C bonds with increasing
hydrogen content, rather than rehybridization due to C-H bond breaking. In this case, the
loss of hydrogen at low temperatures could be due to the release of trapped hydrogen or
small hydrocarbon gas molecules and the desorption of surface hydrogen, rather than C-H
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bond breaking [120]. Further investigation is required to elucidate the exact mechanisms
by which hydrogen influences the thermal stability.
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CHAPTER 6: Conclusions
Hydrogenated amorphous carbon films are an interesting and important technological
material. However, a-C:H becomes unstable above 150 ◦C, preventing its use in high temperature applications, such as heat assisted magnetic recording (HAMR) disk drives. Also,
low friction and wear is only maintained in dry and vacuum conditions. To understand and
address these limitations, this thesis considered the effect of adding silicon and oxygen to
a-C:H films.

6.1. Main results and implications for the design and use of a-C:H:Si:O coatings
In this work, the tribology of a-C:H:Si:O sliding against 52100 steel was investigated
through ball on flat tribometer experiments over a range of loads and environments. The
use of multisection wear tracks allowed the progression of wear to be monitored in addition the coefficient of friction. AFM measurements revealed detailed nanoscale topography
which suggested key mechanisms controlling run-in, friction, and wear. In addition, a variety of experimental techniques were used to probe the thermal stability of a-C:H:Si:O in
comparison to a-C:H and showed that the incorporation of even modest amounts of silicon
and oxygen (e.g. 6 at.% and 3 at.% respectively) increases thermal stability significantly.
MD simulations using the ReaxFF potential have provided new insight into the mechanisms
responsible for this enhanced thermal stability of a-C:H:Si:O compared to a-C:H. Beyond
advancing fundamental understanding of the tribology and thermal stability of a-C:H:Si:O,
the work in this thesis can help improve the design of tribological coatings, for example,
through optimizing the quantity of Si and O.

6.1.1. Environmental dependence of the friction and wear for a-C:H:Si:O
The strong environmental dependence of the friction, in particular the large increase in
friction and wear with humidity, is a major limitation for the use of a-C:H. High hydrogen
content a-C:H (∼ 40% H) has superlow friction (µ ∼ 0.001–0.02) in vacuum and inert
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environments, but this will increase to values between 0.02 and 0.5 in humid air [10, 12].
In Section 2.5, friction and wear testing was performed on two different a-C:H:Si:O
samples with varying atomic composition in three different environments; laboratory air
(40% RH), dry air (< 5% RH), and dry nitrogen (< 5% RH). NCD Technologies a-C:H:Si:O
displayed similar environmental trends to a-C:H, however, the increase in friction coefficient
with humidity (0.03 in dry nitrogen and 0.05 in dry air vs. 0.13 in humid air) was more
moderate. This behavior is consistent with prior literature on DLN 180 a-C:H:Si:O which
also shows a lower coefficient of friction in dry environments (0.02–0.05) compared to humid
air (0.22) [17]. Wear is also environmentally dependent, and increases significantly compared
to sliding in dry nitrogen when oxygen or water vapor are present. AFM images of wear
track topography in Section 2.6 show wear is progressing through dominantly adhesive
interactions (formation and breaking of adhesive junctions in the film). In more reactive
environments, such as dry air compared to dry nitrogen, wear increases. This is consistent
with the idea of reactive environmental species etching carbon bonds in the film. In AFM
measurements this is evident due to an increase of adhesive wear events present in the
topography images.
For DLN 360 a-C:H:Si:O, which has a higher silicon content than the NCD Technologies
samples, different behavior was observed. In humid air, the steady state coefficient of friction
was ∼ 0.15, similar to the NCD Technologies films. However, in dry air the coefficient of
friction increased to over 0.6. Sliding in dry nitrogen was highly unstable, and could jump
between two regimes. In some cases friction coefficients less than 0.05 were observed, while
in other cases the friction would increase rapidly to values similar to dry air (0.6). In
Section 2.7 this was show to depend on tribofilm formation during the run-in process. For
a-C:H:Si:O, the run-in process is proposed to consist of surface modification (possibly due
to sp3 to sp2 conversion) and tribofilm formation. These run-in processes depend on film
composition and structure. In the case of the high silicon DLN 360 a-C:H:Si:O, stable
tribofilm formation was difficult in dry environments, preventing the typical low friction
behavior. Further work is needed to determine the precise mechanisms behind the inhibited

122

tribofilm formation for DLN 360 films, however, one possible hypothesis is that the increased
Si-C bonding limited the formation of sp2 carbon during sliding. These observations are
highly relevant to the design of a-C:H:Si:O coatings, since they show that the tribological
behavior is strongly influenced by the atomic composition of the film.

6.1.2. Dependence of the friction and wear on load
Prior studies on DLN 180 a-C:H:Si:O films have reported large variations in coefficients
of friction measured in humid environments. While some studies reported low coefficients of
friction (0.04–0.08) in humid environments [16, 91, 99], others reported friction coefficients
as high as 0.22 [17]. This difference was attributed to the different loads used (contact
stresses between 0.3 and 0.8 GPa) [17].
In Section 2.8, friction vs. load measurements using a macroscopic reciprocation tribometer with a 6.35 mm 52100 steel ball sliding against DLN 360 a-C:H:Si:O in humid air
showed non-Amontonian behavior (the coefficient of friction had a power law dependence
on load). The friction coefficient decreases from 0.27 at a load of 84 mN to 0.13 at 5000 mN.
These loads correspond to contact stress between 0.15 and 0.6 GPa. The power law decrease
in coefficient of friction with load is expected based on contact mechanics for a spherical
contact, which would predict the coefficient of friction should scale as L−1/3 . This is due to
the dependence of real area of contact on load due to Hertizian elastic deformation of the
ball, assuming smooth contact; roughness renders the relation between friction and load to
be more linear. In the case of a-C:H:Si:O, the extremely smooth surfaces and soft tribofilms
result in such scaling remaining true for this macroscale contacts. However, likely due to the
growth of the contact area caused by tribofilm deformation, the measured scaling exponent
is −0.179 instead of −1/3. Similar behavior is observed by Scharf et al. [17] on DLN 180
a-C:H:Si:O, where the coefficient of friction showed a power law decrease from 0.22 at a
contact pressure of 0.3 GPa to 0.09 at a contact pressure of 0.6 GPa, although they only
considered three different loads.
The coefficient of friction in humid air measured here is higher than what is reported
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in many prior papers on the friction of a-C:H:Si:O in humid air, which report friction
coefficients less than 0.1 [16, 91, 99]. However, in those papers, a higher load range was
used, resulting in contact stresses greater than 0.8 GPa. These results can be consistent
with prior literature when extrapolated to a higher load range, which gives a coefficient of
friction equal to 0.1 at a contact pressure of 0.95 GPa. This is still slightly higher than the
previously reported values. However, those measurements were on a different composition
a-C:H:Si:O.
Finally, in Section 2.10, wear rates for a-C:H:Si:O were considered in the context of
Archard’s wear equation [102, 115], which predicts that the worn volume should be proportional to the sliding distance times the load. The constant of proportionality is known as
the wear coefficient. Although this equation is purely empirical and wear coefficients computed from it may not be transferable to different sliding conditions, the wear coefficient is
frequently used in the literature to quantify a material’s wear resistance [10, 102]. However,
this model does not adequately describe the wear data on a-C:H:Si:O since it was shown in
this thesis that the wear coefficient measured for DLN 360 films depends strongly on the
load. This demonstrates that the wear coefficient is a poor method by which to quantify the
wear resistance of a-C:H:Si:O, since the value is only meaningful in the context of a specific
set of experimental conditions. A better approach, motivated by the correlation between
friction and wear, is to consider the wear as a function of the work done by the friction
force, which gives an approximately linear fit to the data. This same approach works for
the NCD Technologies a-C:H:Si:O environmentally dependent friction as well, but not for
the DLN 360 samples, likely due to the different energetics of the friction and wear process
when sliding on bare steel. One possible application of this approach is to consider wear
as occurring through tribochemical reactions, and determine an activation energy for wear.
Previously this method has been applied to ta-C coatings [118]. The energy wear coefficient
was found to be temperature dependent, suggesting that wear in ta-C is a tribochemical
process, and was used to compute an activation energy for wear. The wear activation energy
from this analysis was the same for three different ta-C coatings, suggesting that in each
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case the same tribochemical process was controlling the wear [118].

6.1.3. a-C:H:Si:O as a thermally stable alternative to a-C:H
The low thermal stability of a-C:H is a significant limitation for many technological
applications. In Chapter 3, a variety of experimental techniques were used to probe the
thermal stability of a-C:H:Si:O in comparison to a-C:H. Annealing in laboratory air up
to 350 ◦C for 1 hour resulted in complete film volatilization for a-C:H. Under the same
conditions, Raman spectroscopy showed moderate changes for a-C:H:Si:O. Characterization
of the Raman spectra based on fitting the D and G peaks suggests thermal degradation
through rehybridization from sp3 to sp2 carbon and clustering of sp2 carbon, following a
similar thermal degradation pathway to a-C:H, but at higher temperatures.
It is difficult to quantify the Raman spectra. However, these results are in agreement
with quantitative XPS and NEXAFS spectroscopy performed by Mangolini et al. [121],
which are described in Section 3.3. NEXAFS spectra were used to quantify the sp3 carbon
fraction and observed an increase in sp2 carbon with annealing. This allowed for modeling of
the activation energy for thermally induced rehybridization based on a Gaussian distribution
of energy barriers. This resulted in an activation energy of 3.0 ± 1.1 eV for a-C:H:Si:O [121]
compared to 2.6 ± 1.2 eV for a-C:H [119], showing that the addition of Si and O increases
the mean activation energy for rehybridization. These quantitative measurements were used
as the basis of comparison between the MD simulations in Chapter 5 and the experimental
results.
Finally, in Section 3.4, heated AFM probes were used to investigate thermal stability
at time and length scales relevant to applications such as HARM disk drives. Significant
amounts of film volatilization were observed for a-C:H, even at low temperatures and increased with heater temperature (although this is also influenced by the applied stress).
Under the same conditions no changes were observed for a-C:H:Si:O.
This combination of experimental techniques clearly shows the addition of small amounts
of silicon and oxygen can substantially increase the thermal stability of a-C:H, overcoming
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a major technological limitation for these films. However, it is not possible to determine the
atomistic mechanisms responsible for this enhanced thermal stability from these spectroscopic measurements. This motivated the use MD simulations to understand the physical
basis for the effect of silicon and oxygen on the thermal stability.

6.1.4. Atomistic origins of the enhanced thermal stability through the addition of silicon
MD simulations are a valuable tool to gain insight into the atomic interactions that
influence the structure/property relations in a-C:H:Si:O. There are several approaches to
modeling DLC including density functional theory (DFT) based methods and empirical
potentials. The most common potential used in the literature is REBO, with several studies
investigating the tribology and thermal stability of DLC [58, 59, 61, 74, 153, 154]. However,
no versions of the REBO potential include all four elements needed for a-C:H:Si:O. In
this thesis, the ReaxFF potential was used, with a Si/C/H/O force field developed by
Newsome et al. [156], which is the only reactive potential parameterized to include all of
these elements.
The results of MD simulations using the ReaxFF potential to investigate the effect
of silicon and oxygen on the thermal stability of a-C:H:Si:O are presented in Chapter 5.
MD results agree with experimental data that the incorporation of even modest amounts
of silicon and oxygen (e.g. 6 at.% and 3 at.% respectively) in a-C:H increases thermal
stability significantly. The primary thermal degradation pathway in a-C:H / a-C:H:Si:O is
the rehybridization of sp3 to sp2 carbon through the breaking of highly strained C-C bonds.
In Section 5.2 it is shown that the incorporation of Si leads to a reduction of these strained
bonds. This presents a mechanism by which the thermal stability of a-C:H is enhanced by
the addition of silicon. Simulations as a function of silicon content in Section 5.5 show a
strong correlation between the atomic fraction of Si and the amount of sp3 -C bonding. The
fraction of high strained (bond length > 1.6 Å) C-C bonds decreases with silicon content,
and approximately 25 atomic % silicon results in less than 2% of the C-C bonds being
highly strained. This information could be used in film design where the silicon content can
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be controlled as it suggests the thermal stability would increase with silicon content up to
around 25% Si.
Following the same approach as the experimental work, in Section 5.7, the activation
energy for thermally induced carbon rehybridization was modeled as a first order reaction
with a Gaussian distribution of energy barriers. Fits using multiple energy barriers corresponding to different local bonding environments found that carbon bonded to silicon
has significantly higher mean activation energy for rehybridization compared to carbon not
bonded to silicon. This supports the increase in thermal stability for a-C:H:Si:O.
Interestingly, it was also observed that although a-C:H has lower thermal stability compared to a-C or a-C:H:Si:O, the mean activation energy for rehybridization was higher for
carbon bonded to hydrogen compared to carbon not bonded to hydrogen. The thermal
degradation of a-C:H is often discussed in terms of three processes: sp3 to sp2 carbon rehybridization, clustering and ordering of sp2 carbon, and loss of hydrogen [10, 69, 119, 120].
The loss of hydrogen, which is observed to begin at low temperatures, is often attributed to
the breaking of sp3 C-H bonds, resulting in the lower thermal stability for a-C:H compared
to a-C [69, 73, 119]. However, the loss of hydrogen at low temperatures could be due instead
to the release of trapped hydrogen or small hydrocarbon gas molecules and the desorption
of weakly bound surface hydrogen, rather than C-H bond breaking [76, 120]. These simulation results support the latter explanation. The simulations suggest that the decrease
in thermal stability for a-C:H is caused by the weakening of C-C bonds with increasing
hydrogen content, rather than rehybridization due to C-H bond breaking.
Finally, Section 5.8 shows that the mean activation energy depends strongly on the inplane compressive stress. This is attributed to the increase in volume occupied by sp2 carbon
compared to sp3 carbon. Assuming a value 1.5 GPa compressive stress for a-C:H:Si:O gives
an activation energy of 2.81 ± 1.09 eV compared to a value of 0.96 ± 0.38 eV with ∼0 GPa
compressive stress. This large effect of compressive stress is generally not considered in the
literature. For example, MD studies of the annealing behavior DLC do not report or control
the stress [145]. Liquid quenching to form DLC is often carried out at constant volume which
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results in a fixed density, but the resulting stress state can vary greatly [143, 145, 146]. A
better approach is to produce structures with a specific amount of residual stress, while
adjusting the initial volume to get approximately the desired density. The activation energy
of 2.81 ± 1.09 eV at 1.5 GPa agrees well with the value of 3.0 ± 1.1 eV from experiments.

6.2. Future work
There are several promising directions to extend this thesis, both in terms of experiments
and simulations, in order to address unanswered questions and further explore new ideas
suggested by this work.

6.2.1. Tribometer testing in well controlled humidity
The tribological results shown in Chapter 2 for both the NCD Technologies and DLN
360 a-C:H:Si:O were clearly sensitive the relative humidity, but the humidity could be much
better controlled. Although dry environments with less than 5% RH could be produced
using the gas blowing tribometer setup described in Section 2.2, the humidity in the humid
air tests varied based on laboratory conditions (typically in the range of 25–45% RH). It
would be useful and interesting to investigate the tribological behavior of these a-C:H:Si:O
samples as a function of well controlled humidity that could be adjusted over a range of
humid to dry air conditions in order to observe the transition in tribological behavior.

6.2.2. Tribometer testing with different balls
Two possible extensions to the tribometer experiments would be to vary size or material
of the balls used. In terms of materials, all of the experiments performed in this thesis
used steel ball bearings. Changing the counterface material could alter the strength of the
adhesive interactions or change the direction of material transfer. For instance, previous
work by Koshigan et al. [100] showed that in high vacuum the adhesive junctions broke in the
steel side of the contact, changing the direction of material transfer, resulting in high friction.

128

By changing the ball material it would be possible to investigate the effect of different
counterface material properties and surface forces on run-in and tribofilm formation.
Second, in the load dependent tribology results presented in Section 2.8, the ball diameter was constant, resulting in the both the contact area and contact pressure changing as
the load was varied. The observed trends in wear track topography were due to a combination of these effects. By using balls with different diameters, it is possible to change the
contact pressure and area independently. In particular, contact pressure could be varied
with a constant contact area or vice versa, allowing for a deconvolution of these two effects.

6.2.3. Localized mapping of mechanical and structural properties in wear tracks
The AFM friction images shown in Section 2.6 show clear contrast between different
regions inside the wear tracks. These large changes in friction suggest local structural
differences in the wear tracks. In order to understand the surface modifications occurring it
would be interesting to map the local chemical composition and mechanical properties. This
is challenging, since it requires highly surface sensitive analysis techniques with nanometer
scale lateral resolution. However, a few promising techniques exist that could be used to
probe this information.
First, localized mechanical property measurements could be made using a technique
called PeakForce Quantitative Nanomechanical Mapping (QNM) [182]. This is an AFMbased technique available on the Dimension Icon AFM used in this thesis. For this work
the AFM was operated in contact mode, where the tip slides over the surface at a fixed
normal displacement / load. In addition to topography measurements, this allows lateral
forces to be measured based on torsion of the cantilever. In a second mode of operation,
known as tapping mode, the cantilever is oscillated near its resonant frequency (typically
100’s of kHz) as it scans the surface. In this case the tip is only in contact with the sample
for a small fraction of the time, making friction forces negligible. However, the phase shift
of the oscillating AFM tip is a function of the energy dissipated into the material, making
it sensitive to local material properties [183]. Unfortunately, quantifying the phase image is
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difficult and it can be challenging to interpret the data, since the phase image is a function
of several contributions, including mechanical properties, adhesion, capillary forces, and
topography [183].
In PeakForce QNM the tip is oscillated over the surface, but at a much lower frequency
than in tapping mode. This allows the cantilever normal force as a function of tip sample
separation to be recorded for every cycle. These force curves can then be analyzed to
determine the samples modulus, adhesion, and energy dissipation [182]. The main limitation
of this technique is the specialized AFM tips need for use on hard materials. In order to
accurately probe the mechanical properties, the cantilever needs to be able to indent the
sample. This requires the use of extremely stiff single crystal diamond AFM tips [182].
In terms of localized spectroscopy, two options are tip-enhanced Raman spectroscopy
(TERS) and AFM infrared spectroscopy (AFM-IR). Optical spectroscopic techniques are
diffraction limited, resulting in a lateral resolution on the order of 200–400 nm at best [184].
However, in many cases these techniques actually have lateral resolution on the order of
micrometers [185]. This makes them unsuitable for distinguishing nanoscale structural
features in the wear tracks. TERS and AFM-IR are two techniques, however, that take
advantage of an AFM tip in contact with the sample to achieve lateral resolution on the
order of a few nanometers. In TERS, a metallic AFM tip (often silver coated silicon) is
used to enhance the Raman signal within the nanoscale volume near the tip apex [184].
When the metallic tip is illuminated by the Raman laser surface plasmons are created at
the tip apex which excite additional Raman scattering from the sample volume directly
under the tip. This results in an intensity enhancement factor on the order of 103 –106 from
a nanometer scale area [184]. In AFM-IR, a tunable IR laser is used to excite the sample
and produce photothermal expansion when tuned to an absorbing band. This expansion
produces oscillations, with amplitude proportional to the absorption, in an AFM cantilever
in contact with the surface. From this, an IR spectrum is produced from only the material
near to the AFM tip [185]. Both of these techniques can simultaneously acquire AFM
images, allowing the spectra to be correlated with topography. In addition, AFM-IR can
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also map local sample stiffness based on shifts in the contact resonance of the cantilever
oscillations [185].

6.2.4. Experimental investigation of the effect of stress on thermal stability
In Section 5.8, MD simulations showed a strong effect of stress on thermal stability,
which had not been considered experimentally. Experiments investigating the influence of
stress on thermal stability would be useful for validating simulation results and could have
technological implications as another method to enhance thermal stability. Stress in thin
films can be determined from the substrate curvature through Stoney’s Equation [186]:

σf =

Es h2s κ
6hf (1 − νs )

(6.1)

where σ is the in-plane residual stress, E is Young’s modulus, ν is Poisson’s ratio, h is
the thickness, and κ is the curvature. The subscripts f and s denote the film and substrate. First, determining the residual stress in experimental samples with known atomic
composition and density would be useful for providing a well-defined basis for MD simulations. Second, experimental investigation of the thermal stability for samples with the
same composition and density, but with different residual stress, would provide a method
to determine the effect of stress. Such samples could be produced by depositing films with
the same deposition parameters but vary the deposition time. This would produce films of
different thickness, and different stress, since the intrinsic stress in thin films is known to
be thickness dependent [187].

6.2.5. MD simulations of thermal stability with oxygen or water atmosphere
All of the MD simulations presented in Chapter 5 are based on vacuum annealing,
which was also true for the XPS and NEXAFS annealing performed by Mangolini et al.
[121]. However, in most applications, annealing would take place in an atmosphere. In this
case it is expected that oxygen or water vapor could have a significant effect on thermal
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decomposition due to oxidation. XPS measurements by Mangolini et al. [188] on DLN 180
a-C:H:Si:O annealed in air up to 450 ◦C showed rapid oxidation and carbon volatilization
in the near surface region. This resulted in the formation of a silica-like surface layer. In
contrast a-C:H films rapidly erode under similar conditions. It is proposed by Mangolini
et al. [188] that this surface layer acts as a barrier, preventing further reactions between
oxygen / water and the underlying carbon phase.
In the simulations oxygen or water could be added at the free surfaces. Then annealing
simulation could be performed to model the energetics of reactions between oxygen or water
and a-C:H:Si:O or a-C:H. Such simulations could help to understand the reaction pathways
by which film volatilization and the formation of this silica-like surface layer occurs.

6.2.6. Simulating the tribological behavior of a-C:H:Si:O
A final idea is to perform sliding simulations to probe the nanoscale tribology of aC:H:Si:O. There are a number of papers using molecular dynamics simulations to study
the tribology of DLCs, including some that make use of ReaxFF [58, 59, 155, 164]. These
simulations have provided insight into atomistic mechanisms controlling the DLC tribology
such as surface passivation and sp3 to sp2 conversion. MD simulations could be used to
investigate the nanotribological behavior a-C:H:Si:O. One possible approach is to simulate
sliding of a-C:H:Si:O against a silicon, diamond, or ta-C surface. These counterfaces are
all available AFM tip materials, which would allow for simulations and experiments of the
same single asperity contact (although on very different timescales). This could provide
insight into the atomistic mechanisms controlling the tribological behavior of a-C:H:Si:O at
the nano and macroscale. Another possibility is to study the behavior of a simpler system,
such as a-C:H:Si. These films are also available experimentally and have similar properties
to a-C:H:Si:O. One advantage of this system is that, by reducing the number of elements,
other potentials can be used. For example, the REBO potential has been parameterized for
C, H, and Si. In this case, REBO could be used if the speed of ReaxFF proves too limiting
for tribology simulations.
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